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ABSTRACT OF THE DISSERTATION

Beyond Conventional Cathode Materials for Li-ion Batteries and Na-ion Batteries
Nickel fluoride conversion materials and P2 type Na-ion intercalation cathodes

by

Dae Hoe Lee
Doctor of Philosophy in Materials Science and Engineering
University of California, San Diego, 2013

Professor Ying Shirley Meng, Chair
Professor Sungho Jin, Co-Chair

The Li-ion battery is one of the most important rechargeable energy storage
devices due to its high energy density, long cycle life, and reliable safety. Although the
performances of Li-ion batteries have been improved dramatically, the limit in terms of
the energy density still needs to be resolved to meet the growing demands for large-scale
mobile devices. Choosing the cathode material is the most pivotal issue in achieving

xvii

higher energy, since the energy density is directly correlated to the specific capacity of
the cathode. Intercalation-based cathode materials have been widely utilized in
commercial products; however they yield a limited capacity due to restricted
crystallographic sites for Li-ions.
In this thesis, the NiF2 and NiO doped NiF2/C conversion materials, which display
substantially greater capacities, are intensively studied using various synchrotron X-ray
techniques and magnetic measurements. The enhanced electronic conductivity of NiO
doped NiF2/C is associated with a significant improvement in the reversible conversion
reaction. While bimodal Ni nanoparticles are maintained for NiO doped NiF2/C upon the
discharge, for pure NiF2 only smaller nanoparticles remain following the 2nd discharge.
Based on the electronic conductivity, it is demonstrated that the size of Ni nanoparticles
is associated with the conversion kinetics and consequently the reversibility.
Although Li-ion batteries offer the highest energy density among all the
secondary batteries, the amount of the reserves and the cost associated with the Li
sources are still a concern. In the second part of the thesis, P2 type Na2/3[Ni1/3Mn2/3]O2 is
investigated to understand the structural stability in the Na-ion batteries. Significantly
improved battery performances are obtained by excluding the phase transformation
region. In addition, the structural evolution of the P2-Na0.8[Li0.12Ni0.22Mn0.66]O2 is tracked
by in situ technique and revealed no phase transformation during the cycling. It is
identified that the presence of Li-ions in the transition metal layer allows increased
number of Na-ions after charging maintaining the P2 structure. The design principles for
the P2 type Na cathodes are proposed on the basis of our understanding; eventually an
advanced cathode material is achieved for high energy Na-ion batteries.

xviii

Chapter 1. Introduction

1.1. Li-ion batteries
Li-ion batteries are the devices that store chemical energy and convert it into the
electrical energy to power various potable electronics. Figure 1.1 illustrates the operating
mechanisms of Li-ion battery. Li-ion battery consists of a positive (cathode) and a
negative (anode) electrode separated by a separator containing an electrolyte. The
positive electrode serves as a Li source and the negative electrode has a hierarchical
structure to possess the Li between the inter-slabs. The positive electrode and negative
electrode are physically separated by a micro-porous separator that allows the electrolyte
to penetrate through and prevent the short circuit. The electrolyte serves as an ion
conductor to provide a medium to transport electroactive Li+ ions between two
electrodes. The electrolyte is an organic solvent consisting of alkyl carbonates and
dissociated LiPF6 salts, which have a voltage operating range between 0.8 V and 4.5 V.
Therefore the electrolyte must show high ionic conductivity and be liquid state in the
operating temperature, and maintain the stability within the battery operating voltage
window. The typical solvents for the electrolyte are ethylene carbonate (EC), propylene
carbonate (PC), diethyl carbonate (DEC) and dimethyl carbonate (DMC). Once the
batteries are connected to external power source, the chemical reactions occur between
the electrodes. During the charge, the electro-active Li-ions are transported from the
positive electrode to the negative electrode. The species in the positive electrode are
oxidized whereas the negative electrode gets reduced by accepting electrons. Upon the
discharge, Li-ions incorporated with the negative electrode transfer into the host structure
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of the positive electrode. The species in the cathode are reduced by accepting electrons
from the external circuit to maintain the charge balance as shown in Figure 1.1. The
device is considered as a secondary battery since the chemical energy can be restored by
supplying electric power to reverse the process. The amount of electrical energy can be
expressed either per unit of weight (W h kg–1) or per unit of volume (W h l–1), that a
battery is able to deliver as a function of the cell potential (V) and capacity (A h kg–1).
A Li-ion battery is one of the most fascinating rechargeable energy storage
devices due to its high energy and power density, long cycle life and acceptable safety.
Thus, the Li-ion battery is also one of the leading candidates for the power sources in
hybrid electric vehicles (HEVs) and electric vehicles (EVs). Figure 1.2 shows the
comparison of the different battery technologies in terms of volumetric and gravimetric
energy density. The market share of worldwide sales for Ni–Cd, Ni–MeH and Li-ion
portable batteries is 23, 14 and 63%, respectively. Although the performance of Li-ion
batteries has been improving rapidly in recent years, there are still several issues that
need to be resolved for applications requiring higher energy density. Certainly, when
compared, energy storage cannot keep pace with the rate of progress in the computer
industry, yet the past decade has produced spectacular advances in chemistry and
engineering within the emerging technologies of Ni–MeH and Li-ion batteries [1].

3

Figure 1.1 Schematic representation and operating principles of Li batteries [2]

Figure 1.2 Comparison of the different battery technologies in terms of volumetric and
gravimetric energy density. The share of worldwide sales for Ni–Cd, Ni–MeH and Li-ion
portable batteries is 23, 14 and 63%, respectively. The use of Pb–acid batteries is
restricted mainly to SLI (starting, lighting, ignition) in automobiles or standby
applications, whereas Ni–Cd batteries remain the most suitable technologies for highpower applications (for example, power tools) [1]
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1.2. Conventional cathode materials in Li-ion batteries
Choosing the best cathode material used in a Li-ion battery is one of the most
crucial issues in achieving higher energy densities, since the energy density is directly
correlated to the specific capacity associated with that cathode material. Since LiCoO2
was demonstrated as a possible cathode material for rechargeable lithium battery in 1980
[2], the transition metal (TM) oxides have drawn significant attention as the cathode
materials. The positive electrode half reaction is:

LiCoO2 ↔ Li1-nCoO2 + ne- + nLi+

(eq. 1.1)

The major conventional cathode materials can be categorized by three different
structures, layered oxides, LiTMO2 (TM = Co, Ni, Mn etc.), spinel structure, LiTM2O4
(TM=Mn, Ni etc.), and olivine structure, LiTMPO4 (TM = Fe, Co, Ni, Mn etc.). Recently,
novel polyanion intercalation compounds such as silicates, borates and tavorites have also
drawn interests due to their structural stability. Figure 1.3 (a) shows the structure of
layered TM oxides. The layered oxide compounds with an anion close-packed or almost
close-packed lattice in which alternate layers between the anion sheets are occupied by a
redox-active transition metal and Li then inserts itself into the essentially empty
remaining layers. This structure ensures the two-dimensional Li diffusion pathways.
Although the layered oxide, LiCoO2, has been commercialized as a cathode for two
decades [3], the specific capacity it can deliver is approximately 140 mAh g-1, which is
only half of the theoretical value. This limited capacity can be attributed to the intrinsic

5

structural instability of the material. The phase transformation proceeds when more than
half of the Li-ions are extracted from the structure. The toxic and expensive element, Co,
in LiCoO2 was also an issue to be resolved for the environment as well as the cost of the
batteries. One approach we can conduct is the substitution of other TM elements instead
of Co. Ni, Mn and Al have been widely used to replace the Co due to their availability
and environmentally benign property. LiNiCoAlO2 (NCA) or LiNiMnCoO2 (NMC)
compounds are also utilized in the commercial products.
Figure 1.3 (b) shows the structure of LiTM2O4 (TM = Mn, Ni etc.) spinel. The
anion lattice contains cubic close-packed oxygen ions and is closely related to the RNaFeO2 layer structure, differing only in the distribution of the cations among the
available octahedral and tetrahedral sites. TM still occupies the octahedral site but 1/4 is
located in the Li layer, and 1/4 of TM layer is left vacant. Li-ions occupy the tetrahedral
sites in Li layer that share faces with the empty octahedral sites in the TM layer. The
discharge proceeds in predominantly two steps, one around 4 V and the other around 3 V.
The structure is based on a three-dimensional MO2 host and the vacancies in TM layer
ensure the three-dimensional Li diffusion pathways. The LiMn2O4 spinel was proposed as
the cathode of the Li-ion battery by Thackeray et al. in 1983 [4]. However, this
compound has an issue in terms of the capacity fading since Mn ion is dissolved into the
non-aqueous electrolyte during the electrochemical reactions. The Ni substituted
LiNi0.5Mn1.5O4 shows the best overall electrochemical performances among the other
elements substituted analogues [5].
Figure 1.3 (c) exhibits the olivine structure, LiTMPO4 (TM = Fe, Co, Ni, Mn
etc.). The electrochemical properties of the olivine phase, in particular LiFePO4, was
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discovered in 1997 by Padhi et al [6]. The advantages are low cost and plentiful elements
and also environmentally benign that could have a major impact in electrochemical
energy storage. The discharge potential is about 3.4 V vs. Li and no obvious capacity
fading was observed even after several hundred cycles. It delivers 170 mAh g-1 of
specific capacity which is higher than the other intercalation compounds. However, this
material has a very low conductivity; it could achieve the theoretical capacity only at a
very low current density or at elevated temperatures due to the low Li diffusion at the
interface. However, carbon coating significantly improves the electrochemical
performance of this material by increasing the conductivity on the surface.

(a)

(b)

(c)

Figure 1.3 Structures of the conventional intercalation based cathode materials. (a) Layer,
(b) spinel and (c) olivine structure (green: Li-ions; pink: TM-ions; blue: P-ions)
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1.3. Na-ion batteries
The pressing needs for better energy storage technologies in large-scale
applications that are economically feasible, particularly for the deployment of renewable
energy sources, are strong drivers for fundamental research in new materials discovery
and their electrochemistry. Li-ion batteries offer the highest energy density among all
secondary battery technologies, have dominated the portable electronics market and have
been chosen to power the next generation of electric vehicles and plug-in electric
vehicles. Nevertheless, the concerns regarding the size of the lithium reserves and the
cost associated with Li-ion technology have driven the researchers to search more
sustainable alternative energy storage solutions. In this light, sodium-based intercalation
compounds have made a major comeback because of the natural abundance of sodium.
It is important to point out that sodium based systems would have lower energy
density in comparison to lithium based systems because of its intrinsic lower operation
voltages. Typical energy densities range from 300-700 Wh/kg. On the other hand, the
lower voltages would result in better safety and the possibility of using cheaper water
based electrolytes [7]. A more encouraging fact is that the Na-ion diffusion barriers in
solid state compounds are comparable to the Li counterparts, indicating that Na-ion
systems can be competitive with Li-ion systems in terms of discharge/charge rates. Even
though the ionic radii of Na-ion is considerably larger than that of Li-ion, more open
structures can be made to accommodate large Na-ions and allow fast solid state Na-ion
diffusion at room temperature [8, 9].
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Figure 1.4 Comparison in the price of the sources of Li and Na. Li2Co3 for the Li source
and Na2CO3 for the Na source

Chapter 2. Background and motivation

2.1. Conversion mechanisms and materials
The insufficiency in the energy density can be overcome by utilizing conversion
based cathode materials that tend to exhibit substantially higher capacities, due to the fact
that essentially all the possible oxidation states of the compound during the redox
reaction can be utilized [10]. The overall conversion reaction can be summarized as
follows;

Mn+X + nLi+ + ne- ↔ nLiX + M (M = Co, Fe, Ni, Cu, etc.; X = F, O, S, N, etc.) (eq. 2.1)

For such a reaction, the values of the cell voltage [electromotive force (emf)] can
be calculated using the Nernst equation;

ΔG = nΔGf (LiXm/n) – ΔGf(MXm) 5 = -nEF

(eq. 2.2)

The theoretical emf values (E) and the theoretical Li storage capacities for eq. 2.1
of a variety of MX compounds are listed in Table 2.1. EMF values are calculated from
Gibbs free energies of formation (ΔGf) of LiXm/n and the initial compounds MXm. These
emf values refer to a cell where Li activity is given by Li metal on one side and by the
three-phase contact of LiXm/n, MXm, and M on the other side. According to Table 2.1,
except VO2, Y2O3, MgO, and TiN, the emf values are in the range of 4.2 ~ 0 V. It means
that eq. 2 is thermodynamically feasible in the nonaqueous electrolyte systems. The
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footprint of the reduction process is a representative voltage plateau with length typically
equivalent to the amount of electrons required to fully reduce the compound. It is worth
emphasizing that in some cases, such as X = P, the redox centers are not exclusively located

on the transition metal, but electron transfer occurs also into bands that have a strong
anion contribution [11]. Obviously, this phenomenon will be directly correlated with the
covalence of the M–X bond. The actual potential at which conversion occurs has been
shown to depend on both the transition metal and the anionic species, so that, in principle,
the reaction potential can easily be tuned to the application requirements. Table 2.1 also
shows that some materials exhibit high theoretical capacities above 600 mAh g-1.
The conversion type materials have been studied as potential electrode materials
for high energy lithium ion batteries. Tarascon’s group first demonstrated that these
conversion materials, which were Co3O4, CoO, NiO, and FeO, can exhibit high specific
capacities of 600 to 1000mAh/g along with good cycling properties [10, 12, 13].
However, these metal oxides are only suitable for use as negative electrodes, due to their
low conversion potential, which is lower than 1.0V.
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Figure 2.1 Schematics illustrating conversion mechanisms. The conversion reaction can
transfer 2 to 6 electrons [14]

Table 2.1 EMF values, Gibbs free energy of formation (ΔfG), and Li storage capacities
for binary metal compounds [15]
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2.2. Transition metal fluorides
Transition metal fluorides have recently been investigated as potential cathode
materials because of their high electronegativity [15-18]. They consist of a special group
within the family of compounds that react with Li through conversion reactions. The very
high ionicity of the M-F bond results in reduction potentials to LiF and metal
nanoparticles that can be around or even above 2 V, which is in stark contrast with the
potentials below 1.5 V observed for oxides, sulfides, nitrides, and phosphides. This
characteristic turns fluorides into alternatives for the positive electrode with noticeably
higher specific capacity than intercalation-based candidates, such as LiCoO2 (140 mAh
g− 1) or LiFePO4 (170 mAh g−1). However, the insulating nature of metal fluorides has
limited their electrochemical properties for a long time, for that reason a considerable
amount of attention has been devoted by Badway et al. to tailoring their nanostructures to
overcome poor electronic conductivity [19-21]. It has been demonstrated that
nanocomposites of carbon and metal fluorides such as FeF2, FeF3, and BiF3 may be
utilized as cathodes for next generation high energy lithium ion batteries, revealing a high
conversion potential and good cycling properties [19, 20, 22, 23]. In addition, the metal
fluoride compounds including M-O covalent bond such as FeOF and Fe2OF4 have been
reported that they exhibited better electrochemical properties, since M-O bond provides
higher electronic conductivity into highly insulating M-F ionic bond [24, 25].

13

Figure 2.2 Schematic showing charge-transport issues relative to a metal fluoride
nanocomposite containing a mixed conducting matrix [21]

Figure 2.3 Dark field TEM images of 85/15 wt % FeF3 /activated carbon CMFNC
fabricated by high energy milling for 1 h [20]
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2.3. Cathode materials for Na-ion batteries
2.3.1. Layered metal oxides
It is no wonder that sodium layered oxide compounds (NaxMO2) have drawn
significant attention as cathode materials in Na-ion batteries considering that their Li
analogues have been comprehensively understood for last two decades. The layered
NaxMO2 materials can be categorized into two major groups which are P2 and O3 type.
The first letter “P” or “O” refers to the nature of the site occupied by alkali ion (prismatic
or octahedral), and “2” or “3” refers to the number of transition metal layers in the repeat
unit perpendicular to the layering [26]. The structural properties of NaxMO2 have been
studied in 70’s by Delmas et al., [27, 28] and NaxCoO2 has been revealed to show
reversible phase transformations by electrochemical charge and discharge demonstrating
the feasibility of NaxMO2 as a cathode material [29]. However, limited efforts have been
spent on Na-ion batteries during the past two decades due to the tremendous success of
Li-ion batteries. Several studies on P2 or O3 type NaxCrO2 [30], NaxMnO2 [31], and
NaxFeO2 [32] have been conducted in early 80’s to 90’s, but the researches were limited
to the structural studies up to 3.5 V versus sodium upon the 1st cycle mostly due to the
instability of the electrolyte.
Recent studies on O3-NaxMO2 compounds started to reveal the fact that they can
be utilized as a cathode electrode with excellent electrochemical properties in Na-ion
cells. NaCrO2 was investigated by Komaba et al., and showed 120 mAh g-1 of specific
capacity near 2.9 V [33, 34]. Interestingly, NaCrO2 exhibited better electrochemical
performances over that of LiCrO2 due to larger CrO2 inter-slab distance in Na compound.
The O3-NaNi0.5Mn0.5O2 electrodes delivered 105 mAh g-1at 1C (240 mA g-1) and 125
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mAh g-1 at C/30 (8 mA g-1) in the voltage range of 2.2 - 3.8 V and displayed 75% of the
capacity after 50 cycles [34, 35]. The Fe-substituted O3-Na[Ni1/3Fe1/3Mn1/3]O2 exhibited
the specific capacity of 100 mAh g-1 (avg. V: 2.75 V) with smooth voltage profiles [36].
The phase transformation was observed in the fully charged (~ 4.0 V) electrode but
original R-3m phase was completely restored at the following discharge. The
isostructural compound, Na[Ni1/3Mn1/3Co1/3]O2, showed reversible intercalation of 0.5
Na-ions leading to the specific capacity of 120 mAh g-1 in the voltage range of 2.0 - 3.75
V [37]. In-situ XRD revealed the sequential phase evolutions (O3, O1, P3 and P1)
composed of biphasic and monophasic domains upon the Na-ions extraction associated
with stair-like voltage profiles.
In addition to the O3 phase, P2 structured materials have been extensively studied
since larger Na-ion is stable in more spacious prismatic site. Recently, P2-NaxCoO2 has
been reinvestigated by Berthelot et al.. and reported to reversibly operate between 0.45 ≤
x ≤ 0.90 [38]. The in-situ XRD indicated that nine single-phase domains with narrow
sodium composition ranges were observed due to distinctive Na+/vacancy orderings. P2NaxVO2 was also revisited and precise phase diagram determined from electrochemical
Na-ions intercalation and extraction was reported [39]. Four different monophasic
domains due to different Na+/vacancy ordering between VO2 slabs were evidenced within
the x range of 0.5 ~ 0.8 leading to the superstructures. The Mn substituted P2Na2/3[Co2/3Mn1/3]O2, where Co3+ and Mn4+ coexist, was investigated by the same group
[40]. Unlike its analogue, P2-Na2/3CoO2, P2-Na2/3[Co2/3Mn1/3]O2 displayed only one
voltage step at Na1/2[Co2/3Mn1/3]O2 composition. A study by Lu et al. demonstrated that
the P2-Na2/3[Ni1/3Mn2/3]O2 can reversibly exchange 2/3 of Na-ions in Na cells leading to
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the capacity of 160 mAh g-1 between 2.0 ~ 4.5 V [41, 42]. The phase transformation of P2
to O2 at the high voltage region was evidenced by in-situ XRD and it caused the
significant capacity fading and poor rate capability. However, when this material was
recently revisited by Lee et al., the electrodes delivered 89 mAh g-1 at C/20 and 85% of
capacity at 1C was obtained with excellent cycling performances by excluding the phase
transformation region [9]. It was revealed that the diffusivity of Na-ions in P2 structure is
higher than that in the corresponding O3 structured Li compounds. Li substituted
Na1.0Li0.2Ni0.25Mn0.75O2 was studied by Kim et al. and displayed 95 – 100 mAh g-1 of
specific capacity in the voltage range of 2.0 ~ 4.2 V, excellent cycling and rate
capabilities [43]. Recently, Yabuuchi et al. reported that Na2/3[Fe1/2Mn1/2]O2 delivers the
capacity of 190 mAh g-1 between 1.5 to 4.2 V [44]. The energy density is estimated to be
520 mWh g-1, which is comparable to that of LiFePO4 (530 mWh g-1). They evidenced
that highly reversible phase transformation of P2 to OP4 occurring above 3.8 V and
Fe3+/Fe4+ redox couple is electrochemically active in Na-ion cells.

2.3.2. Polyanion compounds
Recently, polyanion compounds have attracted considerable attention for Na-ion
batteries. Various crystal structures are demonstrated to be able to accommodate Na-ions
due to their open channels. In polyanion compounds, tetrahedral polyanion structure units
(XO4)n- (X = P or S) are combined with MO6 (M = transition metal) polyhedra. Due to
the strong covalent bonding in (XO4)n-, polyanion cathode materials usually possess high
thermal stability, which make them more suitable for large-scale energy applications.
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Moreover, since the operation voltage is influenced by local environment of polyanions,
the voltage of a specific redox couple can be tuned for this type of materials.
Compounds based on the 3D structure of NASICON are extensively studied for
their structural stability and fast ion conduction, initially as solid electrolytes [45-47] and
more recently as insertion materials [48-55]. The general formula is AxMM’(XO4)3, in
which corner-shared MO6 (or M’O6) and XO4 polyhedra form a framework with large Na
diffusion channels [56]. In 1987 and 1988, Delmas et al. demonstrated that NASICONtype compounds, NaTi2(PO4)3, can be electrochemically active with Na in a reversible
manner [48, 49]. Later NaNbFe(PO4)3, Na2TiFe(PO4)3 and Na2TiCr(PO4)3 were explored
[51, 53]. Since then, most studies of this family of compounds were focused on Li-ion
batteries, because the cell performance was generally poor in Na-ion batteries. Sodium
intercalation in Na3V2(PO4)3 was first synthesized in 2002 by Yamaki et al.[57]. The
existence of two voltage plateau at 1.6 and 3.4 V vs. Na/Na+ allowed using this phase not
only as cathode but also anode in a symmetric cell. However, the cycling stability of this
symmetric cell was relatively poor [54]. Recently, several methods have been utilized to
coat carbon on Na3V2(PO4)3 to improve the battery performance [55, 58]. Among all,
Balaya et al. reported the excellent cycling stability and superior rate capability [59],
which was attributed to facile sodium ion diffusion in the nano-sized particles embedded
in a conductive matrix.
Unlike the olivine LiFePO4 [60, 61], the sodium analogue, NaFePO4, was not
extensively investigated. The olivine NaFePO4 can be obtained by extracting Li-ions out
of LiFePO4 and subsequently inserting Na-ions into FePO4 [62]. Upon Na-ion extraction,
two different plateaus were clearly observed in the voltage-composition curve, resulted
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from two successive first-order transitions concomitant with the formation of an
intermediate Na0.7FePO4 [63, 64]. On the other hand, only one plateau is observed upon
discharge, indicating that the charge and discharge process might go through different
reaction paths. Recently, Cabanas et al. demonstrated that the Na insertion into FePO4
occurred via an intermediate phase which buffers the internal stresses [65]. Besides the
pure iron olivine, the NaFe0.5Mn0.5PO4 was synthesized by a molten salt reaction [66].
Compared with NaFePO4, a sloping profile over the entire voltage range was displayed in
Na-ion batteries. The origin of this solid solution behavior was not clarified.
In the quest for new cathode materials, various structures with different polyanion
groups are demonstrated to be promising candidates. The family of sodium vanadium
fluorophosphates, NaVPO4F [67], Na3V2(PO4)2F3 [68-70] and Na1.5VOPO4F0.5 [71] have
attracted interests due to high potential of the V3+/V4+ redox reaction. Though the
electrochemical activities of NaVPO4F have been demonstrated in Na-ion batteries [67],
no long-term electrochemical tests have been reported so far. Na3V2(PO4)2F3 was first
reported by Meins et al. [68] and its good cyclability was achieved recently [70].
Concerning Na1.5VOPO4F0.5, Sauvage et al. claimed that a reversible capacity of 87 mAh
g-1 was shown by galvanostatic cycling of the material at C/2 [71]. The compound was
comprised of layers of alternating [VO5F] octahedral and [PO4] tetrahedral sharing O
vertices. Moreover, Na2FePO4F was first studied by Nazar et al., in which twodimensional iron phosphate sheets host two Na-ions [72]. Later, the isothermal synthesis
was applied to prepare this compound, so that the morphology could be controlled [73].
A reversible two- plateau behavior was displayed in the electrochemical profiles versus
Na metal, and the discharge capacity was over 100 mAh g-1 during 10 cycles. With
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regard to pyrophosphate, a variety of Na-based pyrophosphates are investigated [74-76].
While these pyrophosphate materials adopt different crystal structures depending on
transition metals, most of them contain open frameworks that could facilitate efficient
diffusion of Na-ions. Recently, a new version of Fe-based pyrophosphate, Na2FeP2O7,
was firstly reported as the cathode materials [76]. This material delivered 90 mAh g-1 of
reversible capacity with two distinct plateaus at 2.5 V and 3.1 V respectively. Excellent
thermal stability was also observed up to 500 oC, indicating that the Na2FeP2O7 could be
a promising candidate for positive electrode material in Na-ion batteries. In addition to
phosphate-based compounds, sodium transition metal fluorosulphates, NaMSO4F, exhibit
high Na-ion ionic conductivity and have been tested for the electrochemical activities in
Na-ion battery. In NaFeSO4F, Na-ions reside in the spacious tunnels constructed by
corner-shared FeSO4F frameworks [77, 78]. These materials were demonstrated to work
reversibly in hybrid Li-ion batteries; however no decent reversibility has obtained in Naion batteries [79, 80].
Chapter 2, in part, is a reprint of the material “Recent advances in sodium
intercalation positive electrode materials for sodium ion batteries” as it appears in the
Functional materials letters, Jing Xu, Dae Hoe Lee, Ying S. Meng, 2013, 6, 1330001. The
dissertation author was the co-primary investigator and author of this paper. The author
wrote the layered oxides cathode for the Na-ion battery part.
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Figure 2.4 Schematics of crystal structures of (a) O3, (b) P2, (c) NASICON, (d)
Na1.5VOPO4F0.5, (e) Na2FePO4F and (f ) Na2FeP2O7 [81]

Figure 2.5 A summary of specific capacity, operating voltage range and energy density of
the intercalation cathode materials for Na-ion batteries (Center bar indicates average
voltage) [81]

Chapter 3. Advanced characterization tools

3.1. X-ray absorption spectroscopy (XAS)
The element-specific nature and high sensitivity to the local chemical
environment of XAS technique make it an ideal tool to study the electronic structural
properties and inter-atomic environment. Once the X-rays hit a sample, the oscillating
electric field of the electromagnetic radiation interacts with the electrons bound in an
atom. Either the radiation will be scattered by these electrons or absorbed and excite the
electrons. A narrow parallel monochromatic X-ray beam of intensity I0 passing through a
sample of thickness x will get a reduced intensity I according to the equation 3.1:

( )

(eq. 3.1)

where µ is the linear absorption coefficient, which depends on the types of elements and
the density of the material. At certain energies where the absorption increases drastically
and gives rise to an absorption edge. Each edge occurs when the energy of the incident
photons is just sufficient to cause excitation of a core electron of the absorbing atom to a
continuum state, i.e. to produce a photoelectron. Thus, the energies of the absorbed
radiation at these edges correspond to the binding energies of electrons in the K, L, M,
etc, shells of the absorbing elements. The absorption edges are labeled in the order of
increasing energy, K, LI, LII, LIII, MI, corresponding to the excitation of an electron from
the 1s (2S½), 2s (2S½), 2p (2P½), 2p (2P3/2), 3s (2S½) orbitals (states), respectively. When
the photoelectron leaves the absorbing atom, its wave is backscattered by the neighboring
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atoms. Figure 3.1 shows the sudden increase in the X-ray absorption with increasing
photon energy. The maxima and minima after the edge correspond to the constructive and
destructive interference between the outgoing photoelectron wave and backscattered
wave An X-ray absorption spectrum is generally divided into 4 sections: 1) pre-edge (E <
E0); 2) X-ray absorption near edge structure (XANES), where the energy of the incident
X-ray beam is E = E0 ± 10 eV; 3) near edge X-ray absorption fine structure (NEXAFS),
in the region between 10 eV up to 50 eV above the edge; and 4) extended X-ray
absorption fine structure (EXAFS), which starts approximately from 50 eV and continues
up to 1000 eV above the edge.
The minor features in the pre-edge region are usually due to the electron
transitions from the core level to the higher unfilled or half-filled orbitals (e.g., s → p, or
p → d). In the XANES region, transitions of core electrons to non-bound levels with
close energy occur. Because of the high probability of such transition, a sudden raise of
absorption is observed. In NEXAFS, the ejected photoelectrons have low kinetic energy
(E - E0 is small) and experience strong multiple scattering by the first and even higher
coordinating shells. In the EXAFS region, the photoelectrons have high kinetic energy (E
- E0 is large), and single scattering by the nearest neighboring atoms normally dominates.
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Figure 3.1 X-ray absorption spectroscopy spectra including XANES and EXAFS regions.
Inset schemes illustrate the origins of the oscillation in the spectra
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3.2. Pair distribution function (PDF)
The pair distribution function (PDF) analysis method is a powerful tool for the
study of glasses, liquids and amorphous materials, as well as crystalline or partly
crystalline materials. The PDF method, which involves the direct model free Fourier
transformation of X-ray or neutron powder diffraction data, gives the probability of
finding any two atoms at a given interatomic distance.
The PDF is obtained from the powder diffraction data via a sine Fourier transform
of the normalized scattering intensity S(Q):

( )

[ ( )

]

( )∫ [ ( )

]

(

)

(eq. 3.2)

where r is the microscopic pair density, ρ0 is the average number density and Q is
the magnitude of the scattering vector. For elastic scattering Q = 4π sinƟ/λ with 2Ɵ being
the scattering angle and λ the wavelength of the radiation used [82]. Since the PDF
contains Bragg and diffuse scattering, the information about local arrangements is
preserved. The PDF can be understood as a bond-length distribution between all pairs of
atoms i and j within the crystal (up to a maximum distance); however, each contribution
has a weight corresponding to the scattering power of the two atoms involved.
Recently, this method has found many applications in the study of local structure
in both crystalline and non-crystalline materials, yielding crucial information about
atomic-scale structures of nanosized materials. Indeed, the atomic structures of
nanoparticles and nanostructured materials are not always accessible by conventional
crystallographic methods, because of the absence of long-range order. This is today
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known as the “nanostructure problem”, as traditional crystallography breaks down on the
nanoscale: we need tools such as PDF to elucidate the structures of nanostructured
materials. The PDF provides atomic-scale structural insights as a histogram of the atomatom distances within the material, from the local coordination geometry extending to
several nanometers: peaks within the PDF correspond directly to bond lengths and atomatom distances within the material; the spatial extent of well-defined peaks in the PDF
correspond the length scale over which the structure is ordered (i.e., particle size or local
structural units within an amorphous system). The intensities of peaks within the PDF are
related to the relative abundance of each atom-atom distance, that is the coordination
number and relative abundance of a particular species or component. Materials insights
can be extracted directly from the PDF, independent of a structure model, by considering
the position (i.e., bond length) and intensity/area (i.e., coordination numbers/phase
abundance) of selected peaks within the PDF. Alternatively, the entire PDF can be fit
with crystallographic structure models, in a real-space analogue to Rietveld refinement of
diffraction data, to identify phases, phase fractions in multicomponent systems, and
approximate stoichiometry. This is possible for crystalline, nanocrystalline and
amorphous materials. The length scale of ordering within amorphous systems or the
particle size in nanocrystalline materials can be refined as part of this model [83].

26

Figure 3.2 Simulated PDFs for cuboctahedral fcc gold nanoparticles clusters of different
sizes (indicated). The trace at the bottom was obtained from experiment [84]
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3.3. Neutron diffraction
Neutrons interact with atomic nuclei and magnetic fields from unpaired electrons.
The neutrons cause pronounced interference and energy transfer effects in scattering
experiments. Unlike an X-ray photon with a similar wavelength, which interacts with the
electron cloud surrounding the nucleus, neutrons primarily interact with the nucleus itself.
The interaction is described by Fermi's pseudopotential. Neutron scattering and
absorption cross sections vary widely from isotope to isotope. Also depending on isotope,
the scattering can be incoherent or coherent. Among all isotopes, hydrogen has the
highest neutron scattering cross section. Important elements like carbon and oxygen are
well visible in neutron scattering. This is marked contrast to X-ray scattering where cross
sections systematically increase with atomic number. Thus neutrons can be used to
analyze materials with low atomic numbers like proteins and surfactants. This can be
done at synchrotron sources but very high intensities are needed which may cause the
structures to change. The nucleus provides a very short range, isotropic potential varying
randomly from isotope to isotope, making it possible to tune the nuclear scattering
contrast to suit the experiment. The scattering almost always has elastic and an inelastic
component. The fraction of elastic scattering is given by the Debye-Waller factor or the
Mössbauer-Lamb factor. Depending on the research question, most measurements
concentrate on either the elastic or the inelastic scattering.
Neutron diffraction experiments determine the atomic and/or magnetic structure
of a material. This technique can be applied to study crystalline solids, gasses, liquids or
amorphous materials. Neutron diffraction is a form of elastic scattering where the
neutrons exiting the experiment have more or less the same energy as the incident
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neutrons. The technique is similar to X-ray diffraction but the different type of radiation
gives complementary information. A sample to be examined is placed in a beam of
thermal or cold neutrons and the intensity pattern around the sample gives information of
the structure of the material.
Neutrons interact with matter differently than X-rays. X-rays interact primarily
with the electron cloud surrounding each atom. The contribution to the diffracted X-ray
intensity is therefore larger for atoms with a large atomic number (Z) than it is for atoms
with a small Z. On the other hand, neutrons interact directly with the nucleus of the atom,
and the contribution to the diffracted intensity is different for each isotope; for example,
regular hydrogen and deuterium contribute differently. It is also often the case that light
(low Z) atoms contribute strongly to the diffracted intensity even in the presence of large
Z atoms. The scattering length varies from isotope to isotope rather than linearly with the
atomic number. An element like Vanadium is a strong scatterer of X-rays, but its nuclei
hardly scatter neutrons, which is why it often used as a container material. Non-magnetic
neutron diffraction is directly sensitive to the positions of the nuclei of the atoms.
A major difference with X-rays is that the scattering is mostly due to the tiny
nuclei of the atoms. That means that there is no need for an atomic form factor to
describe the shape of the electron cloud of the atom and the scattering power of an atom
does not fall off with the scattering angle as it does for X-rays. Diffractograms therefore
can show strong well defined diffraction peaks even at high angles, particularly if the
experiment is done at low temperatures. Many neutron sources are equipped with liquid
helium cooling systems that allow collecting data at temperatures down to 4.2K. The
superb high angle (i.e. high resolution) information means that the data can give very

29

precise values for the atomic positions in the structure. On the other hand, Fourier maps
(and to a lesser extent difference Fourier maps) derived from neutron data suffer from
series termination errors, sometimes so much that the results are meaningless.
Although neutrons are uncharged, they carry a spin, and therefore interact with
magnetic moments, including those arising from the electron cloud around an atom.
Neutron diffraction can therefore reveal the microscopic magnetic structure of a material.
Magnetic scattering does require an atomic form factor as it is caused by the much larger
electron cloud around the tiny nucleus. The intensity of the magnetic contribution to the
diffraction peaks will therefore dwindle towards higher angles.

30

Figure 3.3 Comparison between neutron scattering cross section and X-ray scattering
cross section (courtesy of ORNL)

31

3.4. Superconducting quantum interference device (SQUID)
A superconducting quantum interference device (SQUID) magnetometer is an
instrument for detecting and measuring the magnetic fields generated by electric current.
The magnetometer converts the magnetic fluctuations back into an electronic signal and
relays the signal to a monitoring device which produces a topographical map of the
magnetic impulses. The sensitivity of a SQUID magnetometer allows it to be used as a
medicinal diagnostic tool.
The SQUID magnetometer usually consists of a highly conductive coil attached to
the sensor and probe. In medical applications, these components are typically contained
within a cryogenic chamber called a Dewar. The apparatus is cooled by liquid helium or
nitrogen. The temperature in this chamber may be as low as -273 oC. The probe exits the
chamber and attaches to a flux loop, which transfers the signal to a monitor. As a sample
is moved through the superconducting coils, the sample induces an electric current in the
detection coils. The detection coils, the connecting wires and the SQUID input coils form
a closed superconducting loop, so any change produced is detected and is proportional to
the change in magnetic flux. The superconducting SQUID functions as a highly linear
current-to-voltage convertor, so the variations in SQUID voltage output are proportional
to the magnetic moment of the sample.
SQUIDs are sensitive enough to measure fields as low as 5 aT (5×10-18 T) within
a few days of averaged measurements. For comparison, a typical refrigerator magnet
produces 10-2 T, and some processes in animals produce very small magnetic fields
between 10-9 T and 10-6 T.
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Figure 3.4 The configuration of the SQUID equipment

Chapter 4. Conversion Mechanism of Nickel Fluoride and NiO-Doped Nickel
Fluoride in Li Ion Batteries

Insufficient energy density in the intercalation based cathode materials can be
overcome by utilizing conversion cathode materials that exhibit substantially higher
capacities, due to the fact that essentially all the possible oxidation states of the
compound during the redox reaction can be utilized. In this chapter, NiF2 and NiO-doped
NiF2 are used to investigate the conversion mechanisms using X-ray diffraction and
magnetic measurements, and the differences in the mechanisms occurring in NiF2 based
conversion materials are proposed.

4.1. Introduction
Transition metal fluorides have recently been investigated as potential cathode
materials because of their high electronegativity [15-18]. However, the insulating nature
of metal fluorides has limited their electrochemical properties for a long time, for that
reason a considerable amount of attention has been devoted by Badway et al. to tailoring
their nanostructures to overcome poor electronic conductivity [19-21]. It has been
demonstrated that nanocomposites of carbon and metal fluorides such as FeF2, FeF3, and
BiF3 may be utilized as cathodes for next generation high energy lithium ion batteries,
revealing a high conversion potential and good cycling properties [19, 20, 22, 23]. In
addition, the metal fluoride compounds including M-O covalent bond such as FeOF and
Fe2OF4

have

been

reported

that

they
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exhibited

better

electrochemical
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properties, since M-O bond provides higher electronic conductivity into highly insulating
M-F ionic bond [24, 25]. However there are very few studies on NiF2 based conversion
cathode materials in terms of the conversion mechanism and electrochemical properties,
due to its poor electrochemical properties compared to other metal fluorides [85].
In this study, we focused on the investigation of the conversion mechanisms
during discharge and charge in NiF2 and NiO-doped NiF2 at room temperature. NiO
doping was attempted with an aim to improve electronic conductivity by introducing
covalent M-O bonds. The structure of NiO-doped NiF2 was investigated by XRD, XPS
and XAS analysis. Ex-situ XRD was conducted to study the structural changes during the
conversion reactions in both NiF2 and NiO-doped NiF2. In order to understand the
phases formed by the conversion reactions more thoroughly, we utilized a SQUID
magnetometer, which is a powerful technique for detecting nanosized magnetic particles
such as Ni nanoparticles that otherwise could be missed by diffraction based analytical
techniques.

4.2. Experimental
Commercially available NiF2 (Alfa Aesar) powder was used for this study.
Subsequently the NiF2 was annealed at 500oC for 1 hour under the atmosphere of a
mixture of argon and partial air to dope the NiO phase.
XRD patterns were collected using a Rigaku Multiflex diffractometer with Cu Kα
radiation by scanning each sample in the 2 range of 20–80o at a rate of 0.02osec-1. In
order to take ex-situ XRD, lithiated and delithiated electrochemical cells were dissembled
in an Ar-filled glovebox and the cathode electrodes were washed with acetonitrile (Alfa
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Aesar) 3 times. The dried electrodes were placed on a glass slide, covered with Kapton
film and sealed with a layer of vacuum grease around the perimeter in the glovebox to
reduce moisture and/or oxygen contamination. XRD data analysis was carried out by
utilizing Rietveld refinement using the FullProf software package [[86]].
XPS measurements were carried out using a Thermo Scientific K-alpha
spectrometer using a monochromatic Al-Kα (1486.6 eV) X-ray source. Charge
compensation was also utilized during analysis and all data was charge shifted to the
aliphatic C1s hydrocarbon. Prior to analysis, the powdered samples were pressed onto a
strip of double-sided adhesive tape.
SQUID measurements were done with a quantum design physical property
measurement system (PPMS). The magnetic hysteresis loops were obtained at both at 5K
and 300K over the field range of -20kOe to 20kOe, and the magnetic susceptibility was
measured at -20kOe from 5K to 300K.
Extended X-ray absorption fine-structure spectroscopy (EXAFS) spectra were
collected at beamline 4-1 of the Stanford Synchrotron Radiation Laboratory (SSRL),
utilizing a silicon (220) double-crystal monochromator detuned approximately 30% as
well as a harmonic rejection mirror. Transmission spectra at the nickel K edge were
collected along with a simultaneous spectrum on a reference foil of metallic nickel to
assure consistent energy calibration. Data were analyzed using the Ifeffit [87] and Horae
[88] packages.
Electrochemical characterization was performed using coin-type (2016) cells. The
working electrodes were composed of either NiF2 or NiO-doped NiF2, carbon black
(Super-P), and polyvinylidene fluoride (PVDF) at a weight ratio of 10:10:8 respectively.
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Pure lithium metal was used as a counter electrode. The coincells were assembled with
the electrolyte consisting of 1 M LiPF6 dissolved in ethylene carbonate (EC) and
dimethylene carbonate (DMC) with a volume ratio of 1:1 (Novolyte), and polypropylene
separators (Celgard) in an MBraun Ar-filled glovebox (H2O < 0.1ppm). Electrochemical
cycling was performed using a battery cycler (Arbin) at room temperature, with a
constant current density of 16.15mA/g, and a voltage range of 1.0 ~4.5V.

4.3. Results
4.3.1. Electrochemical properties of NiF2
As shown in Fig. 3.1, the electrochemical performance of the NiF2 electrodes
were investigated in the voltage range of 1.0 ~ 4.5V at room temperature at a 16.15mA/g
rate. Pristine NiF2 exhibited greater than 700mAh/g at the 1st discharge by a conversion
reaction involving the reduction of Ni2+ to Ni0. The specific capacity is somewhat higher
than the theoretical specific capacity by ~150mA/g. This overcapacity is ascribed to the
contribution from side reactions such as the formation of solid electrolyte interface (SEI)
layer during the lithiation, since the operating voltage is lower than 1.5V. A slow voltage
drop was observed after the 200mAh/g at the 1st discharge, indicating that the side
reactions are possibly proceeding from the early stages of conversion reaction. It has been
proposed by other researchers that a significantly increased surface area is formed since
nanosized metal particles are produced as a consequence of the conversion reaction [1823]. Therefore, a significant amount of SEI layer can be formed during the conversion
reaction [10, 12, 13]. In the 1st charge, 63.5% ± 1% of discharged capacity was converted
back (recovered), indicating that this reaction is reversible. However, the irreversible
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capacity was still significant due to the formation of the SEI layer and an incomplete
conversion reaction. We will discuss this phenomenon in more detail later with the
magnetic data. The theoretical conversion potential of NiF2 is 2.964V [15]. However, the
measured conversion potential was only 1.5V, which is 1.464V lower than theoretical
conversion potential due to highly insulating nature of M-F ionic bonding [19-23].

4.3.2. Structural changes in NiF2 during the conversion reaction by XRD
Fig. 3.2 (a) shows the XRD patterns of the 1st discharged NiF2 samples. The
Bragg reflections assigned to NiF2 became weaker in intensity with increasing lithiation.
Simultaneously the reflections corresponding to Ni and LiF were developed, indicating
that a two-phase conversion reaction involving the nucleation and growth of Ni particles
was occurring. The Ni and LiF phases were detected from the early stages of the
conversion reaction at 1.23V and their signals became more intense and sharper with the
lithiation, since the nucleation and growth of Ni particles proceeded with the conversion
process. The NiF2 phase was still observed at ~1.0V and it disappeared completely at
0.3V, indicating that the conversion reaction was essentially terminated and proceeded
extremely slowly. The Bragg reflections of the NiF2 were significantly broadened with
lithiation, since NiF2 particles became nanocrystalline in the microstructure. The
crystallite size of Ni particles after the 1st discharge determined from the Scherrer
equation using the most intense (111) Bragg peak was around 4nm. This crystallite size is
similar to the size regime of Fe particles converted from another conversion compound
system FeF3 [89].

38

Fig. 3.2 (b) shows the XRD patterns from the 1st charge and during the 2nd
discharge. The NiF2 phase was regenerated after the 1st charge and there were no
corresponding peaks to Ni and LiF, indicating that the conversion reaction is a reversible
process. However, all of the Bragg reflections were broad and weak, and no strong
crystalline phases were detected, which is hypothesized to originate from the linebroadening caused by the formation of nanosized particles. The electrochemical charge
and discharge processes are extremely slow, which in a sense could be viewed to be in a
pseudo thermodynamic equilibrium, therefore the broadening due to strain should be
insignificant. The conversion mechanism in the 2nd discharge appears to be the same as in
the 1st discharge. The reflections corresponding to Ni and LiF were observed from 1.6V
and their signals became larger and sharper with continued lithiation due to the growth of
the Ni phase. We will show later in magnetic measurements that in fact the size of the Ni
particles are very different in the 2nd discharge compared with that in the 1st discharge.

4.3.3. Magnetic properties of NiF2 during the conversion reaction
Based on the ex-situ XRD experiment, the conversion reaction in NiF2 appeared
to be an essentially reversible process, however, the electrochemical reversibility at the
1st cycle was only 63.5% ± 1%. In order to acquire a better understanding of the
conversion mechanisms involved in the formation of the nanosized-particles and
irreversibility of the reaction, we conducted magnetic measurements using a SQUID
magnetometer. Temperature- and field-dependent magnetizations of the lithiated and
delithiated samples were acquired to assess the superparamagnetic behaviors of
nanosized Ni particles, and magnetic hysteresis loops. Both measurements were
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performed after zero-field cooling (ZFC). The magnetization (in units of emu/g) intensity
is based on the mass of NiF2 for the initial and 1st charged samples, and the mass of Ni
for the 1st and 2nd discharged samples. At the blocking temperature (TB), the
ferromagnetic moment within each nanoparticle decouples from the crystal lattice and
becomes superparamagnetic. For dc SQUID measurements, TB is typically expressed as
TB=KV/(25kB), such that the magnetocrystalline anisotropy energy (KV) is much greater
than thermal energy, where V is the ferromagnetic particle volume. Therefore TB
decreases with decreasing particle size. For T > TB, the particle rapidly achieves thermal
equilibrium during the measurement time and the system behaves as a superparamagnet.
On the other hand, the magnetic moments remain at a fixed direction during a single
measurement when T < TB. The temperature dependent magnetization of Ni nanoparticles
shows a hysteresis below TB [90, 91].
As shown in Fig. 3.3 (a), pristine NiF2 is antiferromagnetic material, which has
the Néel temperature TN (the temperature above which an antiferromagnetic material
becomes paramagnetic) at 60K. After the 1st discharge to 1.0V, NiF2 showed
superparamagnetic behavior since the NiF2 was completely converted to nanosized-Ni
particles and LiF. Since nanosized-Ni particles achieve thermal equilibrium during the
measurement time due to their extremely small size, TB was not found even cooling down
to 5K. According to the previous study by Johnston-Peck et. al., TB was not found even at
2.5K in the 2.8nm Ni particles [92]. The magnetic behavior was not recovered to the
antiferromagnetic state after the 1st charge, even though NiF2 phase was clearly observed
by XRD (Fig. 3.2 (b)). We believe that there is a certain amount of unreacted nanosized-
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Ni particles in the regenerated NiF2 after the 1st charge, revealing that the reversibility of
the conversion reaction is not 100%.
Fig. 3.3 (b) and Fig. 3.3 (c) show the magnetic hysteresis loops against the applied
magnetic field. As shown in Fig. 3.3 (b), all samples exhibited negligible hysteresis at
300K, which indicates that the particles became superparamagnet near room temperature.
(The Curie temperature of bulk Ni is 633K.) This is because NiF2 completely converted
to nanosized-Ni particles by the conversion reaction. It is also suggested that the
conversion reaction in NiF2 is very slow, which contributes to the formation of extremely
small particles. As shown in Fig. 3.3 (c), the 1st discharged NiF2 exhibited noticeable
magnetic hysteresis at 5K, implying that the nanosized-Ni particles formed were small
enough to decrease TB to around 5K. These magnetic measurements were consistent with
the results of ex-situ XRD and gave us the confidence that the nanosized metal particles
are indeed generated by the conversion reaction. The superparamagnetism was also
observed in the 1st charged NiF2, since there is still unreacted Ni in the phase, which was
not detected clearly by XRD.

4.3.4. Structure of NiO-doped NiF2 by XRD, XPS and XAS
NiO doping into NiF2 was conducted for the purpose of improved electrochemical
properties by introducing covalent M-O bonds into highly ionic M-F bonds. Refinements
by the Rietveld method of X-ray, especially two-phase Rietveld method for NiO-doped
NiF2, were performed using the Fullprof program. The refined parameters and
conventional Rietveld R-factors were presented in Fig. 3.4 and Table 3.1. As shown in
Fig. 3.4, the NiO doping was performed by annealing at 500oC under the atmosphere of
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argon and air mixture. It was suspected whether any Ni-O-F phase was formed by the
annealing, since in the earlier iron oxyfluoride research by Pereira et. al, a lattice
parameter was decreased by 0.15 Å after the Fe-O-F was formed [25]. However, a lattice
parameter of NiO-doped NiF2 was decreased only by 0.025Å and increased by 0.0035Å
in c lattice parameter, which is too slight to consider that Ni-O-F phase was formed by
the annealing. There was no significant change in atomic positions, and occupancies as
well. Therefore, we concluded that only the NiO phase was formed in the NiF2 as a
consequence of the annealing in the oxygen-containing atmosphere. On the basis of twophase refinement analysis, it is estimated that ~14.6 wt. % of NiO phase was doped on
the NiF2 after the annealing. The peaks corresponding to NiF2 appeared to be sharper in
NiO-doped NiF2, indicating that the crystallinity was improved or the particle size
became larger by the annealing. We didn’t recognize in the SEM images that the particle
size of NiF2 increased noticeably after the annealing. It might be possible that the
conversion reaction could be faster for the particles with enhanced crystallinity due to
higher electronic conductivity however, the relationship between the crystallinity and
conversion reactions has not been understood precisely yet. In the previous research
regarding FeOF, even though FeOF showed poor crystallinity, it exhibited improved
cycling properties over that of pristine FeF2 [25]. Therefore, it might be difficult to
conclude that an improved crystallinity after the annealing has a strong relationship to the
electrochemical properties in the conversion materials. However, this relationship should
be studied further in the future.
In addition to X-ray diffraction, XPS was utilized to investigate the formation of a
NiO phase on the surface of NiF2. Fig. 3.5 shows the O1s, and Ni2p3/2 region scans for
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both NiF2 and NiO-doped NiF2. The Ni2p3/2 region scans reveal a major peak centered
at 858.5 eV for both samples, which is consistent with NiF2 bonding [93]. The most
significant changes are found in the O1s region and in the NiO doped sample an
additional peak can be fit from the spectra (530.2 eV), which is consistent the formation
of a NiO particle [94], revealing that NiO phase presents on the surface of NiF2.
Fig. 3.6 exhibits the k3-weighted EXAFS spectrum from the initial state of the
NiO-doped NiF2 electrode which was fit to a linear combination of spectra using NiF2
and NiO standards from 3 to 11 Å-1. The results indicate that the electrode includes
approximately 11 ± 4 wt. % NiO, which is consistent with the XRD result (see Table
3.1). Based on XRD, XPS and XAS data, it is confirmed that NiO phase presents both on
the surface and bulk. Therefore, it reasonable to say the NiO doping started from the
surface of the powders. We saw an increased amount of NiO by XRD if the oxygen
partial pressure is increased during heat treatment.

4.3.5. Electrochemical properties of NiO-doped NiF2
Fig. 3.7 shows the electrochemical profiles for pristine NiF2 and NiO-doped NiF2
at room temperature at a 16.15mA/g rate. NiO-doped NiF2 showed slightly better
electrochemical properties than pristine NiF2 in terms of the conversion potential and
reversibility. The conversion potential of NiO-doped NiF2 was 1.6V, which was 100mV
higher than pristine NiF2. This is most likely due to the incorporation of the NiO phase
with higher electronic conductivity than that of the highly ionic NiF2 compound [95]. The
initial discharge capacity was lower in NiO-doped NiF2 by around 17%, since 14~15 wt.
% of NiO was doped on the surface of NiF2. The decreased specific capacity in NiO-
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doped NiF2 is in good agreement with the amount of NiO doping estimated by the
Rietveld refinement and EXAFS fitting. NiO doesn’t participate in the conversion
reaction in the voltage range from 1.0 ~ 4.5V, as it gets converted to Ni and Li2O under
0.5V [10]. Compared to pristine NiF2, the voltage dropped much faster after the specific
capacity of 400mAh/g in NiO-doped NiF2 at the 1st discharge, indicating that a smaller
portion of the SEI layer was involved by some side reactions than in the case of pristine
NiF2. The reversibility of NiO-doped NiF2 at the first cycle was 74% ± 1%, which was
10% higher than that of the pristine NiF2.

4.3.6. Structural changes in NiO-doped NiF2 during the conversion reaction by XRD
Fig. 3.8 shows the ex-situ XRD pattern for the NiO-doped NiF2 during the
conversion reaction. The overall conversion reaction was the same as for the pristine
NiF2. The Bragg reflections corresponding to NiF2 disappeared gradually in intensity and
simultaneously the Ni and LiF reflections were developed with the lithiation. As shown
in Fig. 3.8 (a), the Bragg reflections assigned to NiF2 was substantially weakened at 1.4V
and completely disappeared at 1.0V, indicating that the conversion reaction was
terminated. In pristine NiF2, the conversion reaction still proceeded at 1.0V, since NiF2
reflections were clearly observed at 1.0V. The kinetics of the conversion reaction
involving the nucleation and growth of Ni appears to be faster when the NiO phase is
present. It is likely that the NiO phase doped on the NiF2 reduces the nucleation sites of
Ni precipitation and also improves the growth reaction rate of Ni particles, since the M-O
covalent bond provides enhanced electronic conductivity compared to the highly ionic
M-F bond [24, 25, 96, 97]. As shown in Fig. 3.8 (b), although the peaks were broad and
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weak because of the nanocrystalline structure, NiF2 phase was regenerated as a
consequence of the reversible conversion reaction. The NiF2 reflections on the XRD
patterns were even weaker since the NiO phase in NiF2 may weaken the reflections
further due to partial overlapping of the peaks. The Bragg reflections corresponding to Ni
were not clearly detected by the XRD during the 2nd discharge, due to the relatively large
signals from NiO and the nanosize line-broadening effect of Ni particles. A better
understanding of the phase relationships can be obtained using additional
characterizations by magnetic measurement as discussed below.

4.3.7. Magnetic properties of NiO-doped NiF2 during the conversion reaction
Fig. 3.9 shows the magnetic susceptibilities and hysteresis loops for NiO-doped
NiF2. The magnetic susceptibilities (Fig. 3.9 (a)) showed a similar behavior as the pristine
NiF2 (Fig. 3.3 (a)). From Fig. 3.9 (b) and (c), it is also seen that the lithiated NiO-doped
NiF2 also exhibits superparamagnetic behavior at 300K and ferromagnetic behavior at
5K, since the phases also included nanosized-Ni particles formed by the conversion
reaction. It was observed that lithiated NiO-doped NiF2 exhibited large magnetic
hysteresis at 5K after the 1st discharge, and the magnetic hysteresis was observed in the
1st charge NiO-doped NiF2. After the 2nd discharge, the magnetic hysteresis was smaller
than the one after the 1st discharge.

4.4. Discussion
4.4.1. Formation of Ni nanoparticles during the lithiation in NiF2 and NiO-doped
NiF2
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Based on the ex-situ XRD data, it is observed that the NiF2 Bragg reflections were
gradually weakened, while simultaneously the reflections correspond to Ni and LiF were
being developed in both systems. This indicates that two-phase conversion reactions
involving the nucleation and growth of Ni and LiF are occurring during the 1st discharge.
The conversion reaction terminated at 1.0V in NiO-doped NiF2 however, NiF2 phase still
existed at 1.0V in pristine NiF2, which suggests that the conversion reaction proceeds
faster in NiO-doped NiF2. As we mentioned in the Results section, these differences in
kinetics of conversion reactions can be ascribed to the presence of the NiO phase, which
exhibits a higher electronic conductivity than NiF2. Fig. 3.10 shows the schematics
illustrating possible reaction mechanisms for the pristine NiF2 vs. NiO-doped NiF2
systems. As shown in Fig. 3.10 (b), the NiO phase presents on the surface and in the bulk
of the NiF2 by annealing, which was confirmed by XRD, XPS, and XAS. It enhances the
kinetics of the electron transfer in the reduction reaction from Ni2+ to Ni0. Table 3.2
shows the coercivity (HC) and saturation magnetization (MS) of both samples at 5K. The
saturation magnetization was obtained by extrapolating the measured high field
magnetization versus the inverse of the applied magnetic field to infinite field [98]. The
size of Ni particles was estimated from the previous experimental results [90, 99, 100]. It
was estimated that 4~5nm sized Ni particles were formed in pristine NiF2 during the 1st
discharge, which is consistent with the value estimated by the XRD analysis. In an earlier
study by Yamakawa et al, a solid-state NMR type magnetic measurement was utilized to
understand the reaction mechanisms involving nanosized Fe magnetic particles [89].
They found that superparamagnetic nanosized-Fe particles (~3nm) formed from the FeF3
by the conversion reaction. Since the kinetics of the conversion reaction was enhanced in
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the NiO-doped NiF2 system, a larger particle size of 8~9nm Ni particles was observed in
this system after the 1st discharge. The larger Ni particles with corresponding less surface
area in the NiO-doped NiF2 system could lead to the reduced amount of SEI layer
formation. As a consequence, NiO doping on NiF2 results in better electrochemical
properties in terms of the reversibility. The conversion potential of NiO-doped NiF2 was
100mV higher than pristine NiF2, due to the incorporation of the NiO phase. In earlier
research by Li et. al., it was observed that the good electronic contact with conductive
additives increase the conversion potential in TiF3 conversion material [15]. In our
systems, NiO doesn’t participate in the electrochemical reaction but only plays a role as a
catalyst to improve the electronic contact between insulating NiF2 particles. The
electrochemical profiles suggest that a larger amount of the SEI layer is formed in
pristine NiF2 because the voltage curve dropped more slowly in pristine NiF2. The 1st
discharge curve of NiO-doped NiF2 dropped sharply after the 400mAh/g, indicating that
a reduced amount of SEI layer is now formed due to enhanced reaction kinetics. We also
found improved reversibility of the conversion reaction if the cut-off voltages are raised
from 0.3V to 1.0V. All measurements, including XRD, SQUID and electrochemical
cycling, consistently confirmed that larger Ni particles were formed in NiO-doped NiF2,
and as a result, less SEI layer was formed at the 1st discharge.

4.4.2. Reversibility of the conversion reactions in NiF2 and NiO-doped NiF2
It was observed by the ex-situ XRD that the initial phases were formed again in
both materials by the reversible conversion reactions and there was no signal related to Ni
and LiF. With the XRD measurement alone, the conversion reactions in our systems may
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appear to be completely reversible. However, the magnetic measurements (see Fig. 3.3
(a) and Fig. 3.9 (a)) detected some unconverted nanosized-Ni particles in the regenerated
NiF2 and NiO-doped NiF2, even though there was no noticeable Ni and LiF peaks seen on
the XRD patterns. This indicates that the conversion reactions are not completely
reversible. As shown in Fig. 3.10, the size of remaining Ni particles in the fully charged
NiO-doped NiF2 electrode was larger than those in pristine NiF2, since the magnetic
hysteresis was observed in the 1st charged NiO-doped NiF2 indicating that the unreacted
Ni particles were large enough to exhibit the magnetic hysteresis. This can be attributed
to larger Ni particles formed at the 1st discharge due to the fast conversion reactions in
NiO-doped NiF2. Therefore, the significant irreversible capacities at the 1st cycle in our
systems could possibly be attributed to both the formation of SEI layer during the 1st
discharge and irreversibility of the conversion reactions. The reversibility during the 1st
cycle was 74% ± 1% in NiO-doped NiF2, which was 10% higher than the value in
pristine NiF2. It is likely that less amount of SEI layer was formed during the 1st
discharge may have contributed to the higher reversibility.

4.4.3. SEI effects on conversion process during the 2nd discharge
In the 2nd discharge, the NiF2 phase disappeared gradually and XRD peaks
corresponding to Ni and LiF were developed in both systems, indicating that same
conversion reactions occur as for the 1st discharge process. As shown in Table 3.2,
magnetic hysteresis measurements indicate that NiO-doped NiF2 contained larger
nanosized-Ni particles (6~7nm) after the 2nd discharge. The NiO phase seems to enhance
the reaction kinetics at the 2nd cycles, since NiO does not participate in the conversion
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reactions in the voltage range from 1.0V to 4.5V. Therefore, NiO phase remains intact
during the charge and discharge. It was also observed that Ni particles after the 2nd
discharge were smaller than those after the 1st discharge in both systems. We suggest that
the electron transfer in the reduction from Ni2+ to Ni0 is interrupted by the SEI layer
formed during the 1st discharge, therefore the rate of the growth reactions of Ni particles
become slower than the 1st discharge. As estimated by the magnetic hysteresis data, the
slower reactions lead to smaller Ni particles. The particle size of Ni after the 2nd
discharge was decreased by 1~3nm compared to the size after the 1st discharge in both
systems. Using magnetic measurements, we were able to obtain additional structural and
phase information related to the conversion mechanism during charge and discharge.

4.5. Conclusions
The conversion reaction mechanisms of the NiF2 and NiO-doped NiF2 from the 1st
discharge to 2nd discharge have been investigated using ex-situ XRD, SQUID and
electrochemical cycling and the structure of NiO-doped NiF2 has been confirmed by
XRD, XPS and XAS. The superparamagnetic, nanosized-Ni particles, which were 4~5nm
and 8~9nm, were formed as a result of the 1st discharge in pristine NiF2 and NiO-doped
NiF2, respectively. NiO-doped NiF2 exhibited slightly higher conversion potential and
better reversibility due to the doping of NiO phase, presumably due to the relatively high
electronic conductivity. The nucleation sites of Ni were reduced by the presence of the
NiO phase in NiF2 and the kinetics of conversion reaction involving the nucleation and
growth of Ni particles was enhanced in NiO-doped NiF2. Magnetic measurements
revealed that larger Ni particles were formed by the conversion reaction in NiO-doped
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NiF2. Consequently, less amount of the SEI layer was formed, which allows better
reversibility. The conversion reactions were partially reversible in both systems, since
small amount of unconverted nanosized-Ni particles were detected by SQUID in fully
charged phases. After the 2nd discharge, the size of Ni particles was even smaller than the
one produced by the 1st discharge, indicating that the conversion reactions may be
interrupted by the SEI layer. Larger size of Ni particles was also formed in the NiOdoped NiF2 after the 2nd discharge, which suggested that the kinetics of the conversion
reaction was faster during the 2nd discharge, since NiO phase remained unreacted in the
voltage range from 1.0V to 4.5V.
The conversion mechanisms of NiF2 and NiO-doped NiF2 are fundamentally
similar in the voltage range of 1.0V to 4.5V. However, the kinetics of conversion reaction
including the nucleation and growth of Ni particles is enhanced by the presence of NiO
phase. We suggest that the electronic conductivity of the highly insulating metal fluorides
materials was improved by doping of M-O covalent bond by a simple annealing under the
partial air atmosphere. In addition, the magnetic measurements provide more
fundamental understanding on the phases including nanosized-Ni metal particles during
the conversion reactions.
Chapter 4, in full, is a reprint of the material “Conversion mechanism of nickel
fluoride and NiO-doped nickel fluoride in Li ion batteries” as it appears in the
Electrochimica Acta, Dae Hoe Lee, Kyler J. Carroll, Scott Calvin, Sungho Jin, Ying S.
Meng, 2012, 59, 213. The dissertation author was the primary investigator and author of
this paper. All the experiment and writing were performed by the author except for XAS
fitting.
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Figure 4.1 Electrochemical profiles for NiF2 from the 1st discharge to 2nd discharge,
performed at room temperature at 16.15mA/g
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(a)

(b)

Figure 4.2 Ex-situ XRD patterns for the (a) 1st lithiation and (b) 2nd lithiation in pristine
NiF2. (o) Reflections are assigned to NiF2 and (*) marks impurities related to Li4(CO4)
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(a)

(b)

Figure 4.3 Magnetic properties for pristine NiF2 by SQUID. (a) magnetic susceptibilities
according to the temperature, (b) magnetic hysteresis loops against the magnetic field (20 ~ 20 kOe) at 300K, and (c) at 5K. The insets correspond to enlargements of hysteresis
loop between -2 kOe and 2 kOe
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(c)

Figure 4.3 Magnetic properties for pristine NiF2 by SQUID. (a) magnetic susceptibilities
according to the temperature, (b) magnetic hysteresis loops against the magnetic field (20 ~ 20 kOe) at 300K, and (c) at 5K. The insets correspond to enlargements of hysteresis
loop between -2 kOe and 2 kOe, Continued
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Figure 4.4 XRD patterns of pristine NiF2 and NiO-doped NiF2 including a Rietveld
refinement. (h k l) marks the Bragg diffractions related to NiF2

Figure 4.5 X-ray photoelectron spectroscopy graphs of the O1s region and Ni2p region
for NiF2 and NiO-doped NiF2 materials
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Figure 4.6 k3-weighted χ(k) for nickel K edge EXAFS of NiO-doped NiF2 electrode,
along with NiF2 and NiO standards and linear combinations of the standards

Figure 4.7 Electrochemical profiles for NiF2 and NiO-doped NiF2 from the 1st discharge
to 2nd discharge. Cells were cycled at 16.15mA/g at room temperature

56

(a)

(b)

Figure 4.8 Ex-situ XRD patterns for the (a) 1st lithiation and (b) 2nd lithiation in NiOdoped NiF2. (o) Reflections are assigned to NiF2 and (*) marks impurities related to
Li4(CO4)
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(a)

(b)

Figure 4.9 Magnetic properties for NiO-doped NiF2 by PPMS (a) magnetic
susceptibilities according to the temperature, (b) magnetic hysteresis loops against the
magnetic field (-20 ~ 20 kOe) at 300K, and (c) at 5K. The insets correspond to
enlargements of hysteresis loop between -2 kOe and 2 kOe
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(c)

Figure 4.9 Magnetic properties for NiO-doped NiF2 by PPMS (a) magnetic
susceptibilities according to the temperature, (b) magnetic hysteresis loops against the
magnetic field (-20 ~ 20 kOe) at 300K, and (c) at 5K. The insets correspond to
enlargements of hysteresis loop between -2 kOe and 2 kOe, Continued
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(a)

(b)

Figure 4.10 Schematics illustrating possible reaction mechanisms for (a) pristine NiF2,
and (b) NiO-doped NiF2

60

Table 4.1 Parameters and reliability factors obtained by the Rietveld refinement of the
pristine NiF2 and NiO-doped NiF2 XRD diffraction patterns
Pristine NiF2
Space group: P 42/m n m

Atom Site
Ni

2a

F

4f

NiO-doped NiF2
NiF2 Space group: P 42/m n m

X

Y

z

0

0

0

1

0.302(7) 0.302(7) 0

2

Occ. Atom

Site

x

y

z

Occ.

Ni

2a

0

0

0

1

F

4f

0.300(8)

0.300(8)

0

2

a = b = 4.6675(6) Å, c = 3.0632(9) Å

a = b = 4.6421(5) Å, c = 3.0667(2) Å

Rwp = 2.26%, RB = 8.22%

Rwp = 2.39%, RB = 5.61%
NiO Space group: F d –3 m
Atom

Site

x

y

z

Occ.

Ni

4a

0

0

0

1

O

4b

0.5

0.5

0.5

1

a = b = c = 4.1648(9) Å
Rwp = 2.39%, RB = 7.19%
Mass fraction: NiF2 85.4%, NiO 14.6%

Table 4.2. Coercivity (HC) and saturation magnetization (MS) at 5K with zero-field
cooling
Pristine NiF2

NiO-doped NiF2

Samples

HC,ZFC
(Oe)

MS,ZFC
(emu/g)

Estimated
Ni size (nm)

HC,ZFC
(Oe)

MS,ZFC
(emu/g)

Estimated
Ni size (nm)

1st
discharge

41

18.1

4~5

212

39.9

8~9

199

31.1

6~7

2nd
discharge

superparamagnetism

Chapter 5. Understanding Improved Electrochemical Properties of NiO doped
Nickel Fluoride/Carbon Composites Conversion Materials by X-ray Absorption
Spectroscopy and Pair Distribution Function

In this chapter, NiF2 based conversion materials are further studied using
sophisticated techniques. The Pure NiF2 and NiO doped NiF2/C composites are used to
investigate the conversion mechanisms using X-ray absorption spectroscopy and pair
distribution function analysis. Improved electrochemical properties in NiO doped NiF2/C
are understood by analyzing the differences in the phase and the particle size of Ni in
each discharged electrode.

5.1. Introduction
Since the conversion process involves the metallic nanoparticles (NPs) embedded
in an amorphous LiX (X = O or F) phase, it is difficult to analyze the structures utilizing
standard crystallographic techniques. Therefore, many sophisticated techniques which are
sensitive to both structure and chemistry have been utilized to understand underlying
mechanisms and the electrochemical behavior [21, 89, 101-104]. The element-specific
nature and high sensitivity to the local chemical environment of XAS technique makes it
an ideal tool to study the electronic structural properties and inter-atomic environment
[105]. PDF analysis of total scattering provides in-depth understandings on the interatomic structure, phase distribution, and particle size, independent of long-range order
[84]. Recently, research by Wang et al. has demonstrated by TEM and PDF that the
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nanosized Fe particles (1 - 3 nm in diameter) are interconnected in the lithiated FeF2 and
form a bicontinuous network, which provides a pathway for local electron transport
through the insulating LiF phase [101, 102]. In addition to FeF2, Yamakawa et al.
revealed utilizing PDF that FeF3 includes an intercalation of Li-ions at the beginning of
the lithiation process and multiple phase transitions, followed by a conversion reaction
[106].
A major effort thus far has focused on FeFx-based compounds due to their
superior electrochemical properties, and investigated only upon the 1st cycle. However,
there are only very few reports on NiF2 in terms of their conversion mechanisms and the
electrochemical properties. Zhang et al. reported that the nanostructured NiF2 thin film
fabricated by pulsed laser deposition (PLD) displayed acceptable cycling until 40 cycles
at the conversion potential of 0.7 V, much lower than theoretical potential [85]. In our
previous work, pure NiF2 showed poor electrochemical properties in terms of the
cyclability and NiO doping into NiF2 turned out to be beneficial to the reversibility [107].
The Ni NPs size was approximated to be smaller in the lithiated NiF2 than NiO doped
NiF2 by magnetic measurements, but direct evidence of the Ni NPs dimensions and
detailed phase distribution in the lithiated electrodes have yet to be reported.
NiF2 is a rutile structure (P42/mnm, a ~4.65 Å, c ~3.08 Å) with TM occupying the
corners and the center of a tetragonal unit cell, and six of fluorine atoms form the quasioctahedral environment with the TM [108]. This structure is different from FeF3 (R-3C,
ReO3-type structure). A relevant difference is that Ni only has divalent state so the
conversion process can be isolated from the intercalation. Therefore, it is possible to
directly explore the impact of O doping on conversion process without forming
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oxyfluoride phase. Additional encouraging feature is that the theoretical potential of
conversion (2.96 V) is higher than FeFx system, which may be more appropriate for the
cathode materials.
In this study, we combine an in-depth analysis of XAS and PDF to obtain
comprehensive insights into the electrochemical reaction mechanism of NiO-NiF2/C
electrodes. The effects of NiO doping and carbon composites on the conversion kinetics
and reversibility are discussed by investigating the phases and size of Ni NPs in
discharged NiO-NiF2/C system. The structures and morphologies of the as-prepared
materials were investigated by X-ray diffraction (XRD) and TEM. XAS measurements
were conducted to study the conversion mechanisms and reversibility. In order to
investigate the differences in the conversion reactions quantitatively, we analyzed the
phases and Ni NPs size at the 1st and 2nd discharged states using extended X-ray
absorption fine structure (EXAFS) and PDF. In addition, we improved the cycling
properties of NiF2 based electrodes by optimizing CMC binder system which is known to
improve the capacity retention with volume changing electrode materials such as Si
anode [109, 110]. A better understanding of the NiF2 based materials will help us obtain
more concrete ideas on the conversion mechanism in TM-Fx compounds.

5.2. Experimental
Commercially available NiF2 (Alfa Aesar) powder was used for this study.
Subsequently the NiF2 was annealed at 500oC for 1 hour under a mixture of argon and
partial oxygen to dope the NiO phase. NiO-NiF2/C was prepared by high energy ball
milling of NiO-doped NiF2 with acetylene black (Strem chemicals). Stoichiometric
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mixtures (NiF2 : acetylene black = 80 : 20 wt %) were placed inside a planetary ball mill
(PM 100, Retsch) and the milling was performed for 6 h at 500 rpm under Ar
atmosphere.
XRD patterns were collected at ambient temperature on a Bruker D8 Advance
diffractometer using a LynxEye detector at 40 kV, 40 mA using a Cu-anode (Kα, λ =
1.5418 Å), with a scan speed of 1 s/step, a step size of 0.02° in 2θ, and a 2θ range of
10−70°. XRD data analysis was carried out by utilizing Rietveld refinement using the
FullProf software package [86].
The Sphera, a 200 KV instrument equipped with a LaB6 electron gun, was utilized
to investigate the morphology and structure of as-prepared NiO-NiF2/C material. Powder
samples were hand-ground using a mortar and pestle, and dispersed in isopropanol using
ultra-sonication. A small amount of the solution was then dropped onto the carbon grids
and then transferred into the TEM column. Micrographs were recorded on a 2K × 2K
Gatan CCD camera.
X-ray absorption spectroscopy was carried out at beamline X11B of the National
Synchrotron Light Source (NSLS) at Brookhaven national laboratory. Customized coin
cells were used to prevent the sample contamination. The electrode samples were never
been exposed to the ambient environment during the measurement. Higher harmonics in
the X-ray beam were minimized by detuning the Si (111) monochromator by 40% at the
Ni K-edge (8333 eV). Transmission spectra at the Ni K-edge were collected along with a
simultaneous spectrum on a reference foil of metallic Ni to assure consistent energy
calibration. Energy calibration was carried out by using the first derivatives in the spectra
of Ni foil. Data were analyzed and refined using the Ifeffit [87] and Horae [88] packages.
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High-energy total X-ray scattering data (λ = 0.2128 Å) were collected at the
dedicated PDF beamline 11-ID-B at the Advanced Photon Source, Argonne National
Laboratory. A large-area amorphous-silicon-based detector (Perkin-Elmer) was used to
collect data to high values of momentum transfer (Qmax ~ 18 Å-1) [111, 112]. The raw
images were integrated using the software FIT2d [113]. PDFgetX2[114] was used to
correct the data for background contributions, Compton scattering and detector effects,
and to Fourier transform the data to generate G(r), the PDF. Structure models were
refined against the PDF data within PDFgui [115]. The electrode samples were recovered
at different states of charge by disassembling the coin cells inside the glovebox. The
electrodes were washed with battery-grade DMC (Novolyte, packed and sealed in Kapton
under Ar atmosphere.
Electrochemical characterization was performed using coin-type (2016) cells. The
working electrodes were composed of NiO-NiF2/C, acetylene black and either PVDF or
CMC (Sigma Aldrich, MW = 900,000, DS = 0.7) at a weight ratio of 70:20:10. For the
pure NiF2 electrodes, 10:10:8 weight ratio of NiF2, acetylene black, and polyvinylidene
fluoride (PVDF) were utilized. Pure lithium metal was used as a counter electrode and
polypropylene C480 (Celgard) was used as a separator. The coin cells were assembled
with the electrolyte consisting of 1 M LiPF6 dissolved in ethylene carbonate (EC) and
dimethylene carbonate (DMC) with a volume ratio of 1:1 (Novolyte) in an MBraun Arfilled glovebox (H2O < 0.1 ppm). Electrochemical cycling was performed using a battery
cycler (Arbin) at room temperature, with a constant current density of C/20, and a cell
potential range of 1.0 ~4.5 V.
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5.3. Results
5.3.1. Properties of as-prepared NiO-NiF2/C material
The structures and morphologies of as-prepared NiO-NiF2/C were analyzed by
XRD and TEM. XRD patterns of pure NiF2 and NiO-NiF2 were presented for the
comparison and shown in Figure 4.1(a). NiO was introduced into the NiF2 as a second
phase, observed at 2Ɵ = 37º, 43ºand 63º. The refinements by the Rietveld method were
carried out and the refined parameters with reliability factors are presented in Table 4.1.
Based on the refinement, it is estimated that ~14.6 wt% of NiO was doped in the NiF2 as
a result of the annealing. The peaks corresponding to NiF2 appeared to be sharper in NiONiF2, indicating that the crystallinity is improved by annealing. Decreased intensities and
larger full width half maximum (FWHM) compared to the NiO-NiF2 were shown in NiONiF2/C due to the nanosize peak broadening. Relatively high RB factor was obtained in
the refinement, which may be caused by the broadened XRD patterns. The reflections
corresponding to the NiO phase were still observed as a second phase. Except for the
peak broadening, no significant differences were observed in the lattice parameters and
atomic positions in NiO-NiF2/C. The TEM image presented in Figure 4.1 (b) shows that
nanosized NiF2 was formed by lattice fringes spaced by 3.25 Å and 2.56 Å, which are
correspond to the distances of NiF2 (110) and (101), respectively. The primary particle
size of crystalline NiF2 in NiO-NiF2/C was around 10 ~ 15 nm and they were surrounded
by an amorphous carbon matrix (~10 nm in thickness), which possibly improves the
electronic conductivity as well as protects the surface of the material.

5.3.2. Electrochemical properties of NiO-NiF2/C electrodes
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As shown in Figure 4.2, the electrochemical properties of NiO-NiF2/C electrode
were investigated in the voltage range of 1.0 ~ 4.5 V at a C/20 rate. The NiF2 electrode
delivered 700 mAh g-1 at the 1st discharge, which is around 150 mAh g-1 greater capacity
than the theoretical value due to the side reaction such as a solid electrolyte interphase
(SEI) layer [10, 12, 13], but the reversibility at the 1st charge was only 63.5% ± 1%. The
capacity at the 1st discharge was lower in NiO-NiF2/C by around 15%, since 14~15 wt%
of NiO, which is converted into Ni and Li2O under 0.5 V, was incorporated in NiF2 [107].
Considerable improvement in the reversibility, 88% ± 1%, was obtained in NiO-NiF2/C
upon the 1st cycle. The conversion potential was slightly increased by 150 mV at the 1st
discharge indicating that the overpotential was diminished. The large overpotential
contains a significant component of polarization related to slow reaction kinetics
particularly upon the lithiation (discharge) process [116]. Based on the electrochemical
properties, it is suggested that the polarization during the 1st discharge is reduced possibly
due to improved electronic conductivity by NiO doping into highly insulating NiF2 and
incorporation with conductive carbon.

5.3.3. Conversion mechanisms and reversibility of NiF2 and NiO-NiF2/C
In order to investigate the conversion mechanism and reversibility, XAS
measurements including X-ray absorption near edge structure (XANES) and EXAFS
were performed. As presented in Figure 4.3 (a), it is clearly observed that the magnitude
of Ni2+ absorption around 8345 eV was mostly disappeared after the 1st discharge and
shifted to a lower energy region which is corresponding to metallic Ni, 8333 eV,
indicating that NiF2 was converted to metallic Ni by the conversion process. After the 1st
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charge of the NiF2, the XANES exhibits the presence of both NiF2 and metallic Ni,
suggesting that the re-conversion process is partially reversible. Most of the re-converted
NiF2 was converted to metallic Ni by the 2nd discharge. Fundamentally, the same
phenomena, which are partially reversible conversion processes, were observed in NiONiF2/C electrode (see Figure 4.3 (b)); however the spectra after the 1st charge display
more portion of NiF2 indicating that the reversibility of the conversion process is
improved. It is also worth to note that the XANES spectra at the 1st and the 2nd discharge
of NiO-NiF2/C were precisely overlapped suggesting that the structural reversibility is
indeed good. The phase distribution of the electrodes at the different state of charge was
estimated by linear combination fit using NiF2, NiO-NiF2/C and Ni foil references. The
amount of conversion in the NiF2 was around 94% at the 1st discharge, but only 47% of
NiF2 was regenerated after the 1st charge indicating poor reversibility. Considerably
improved reversibility, around 80%, was shown in NiO-NiF2/C electrode at the 1st charge,
but still 20% of Ni was not reconverted into NiF2 resulting in the irreversibility in the
charging process. Most of NiF2 was converted into Ni at the 2nd discharge in both
electrodes. The XAS results including the amount of conversion and the reversibility are
in a good agreement with the electrochemical properties.
The EXAFS spectra of the NiF2 and NiO-NiF2/C electrodes are shown in Figure
4.4 and the refined structural parameters are summarized in Table 4.2. As shown in
Figure 4.4 (a), the absence of the Ni-F contribution and the presence of the Ni-Ni
contribution for the 1st discharged electrode are consistent with the reduction of Ni2+ to
metallic Ni. Although the amplitude of the Ni-F contribution was increased and the Ni-Ni
was reduced after the 1st charge in NiF2, both phases are still predominant indicating that
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the re-conversion process is not completely reversible. However, NiO-NiF2/C (see Figure
4.4 (b)) shows negligible Ni-Ni contribution in the 1st charged electrode, which means the
reversibility of the re-conversion is significantly improved. The lower amplitude of Ni-Ni
of the 1st and 2nd discharged electrodes relative to that of Ni foil is consistent with
formation of Ni NPs through the conversion process (see Figure 4.4 (c). The magnitude
of the Fourier transformed (FT) intensity is diminished from the bulk Ni to Ni NPs, since
the total amount of Ni-Ni coordination became smaller in NPs [117]. After the 2nd
discharge, the intensity of Ni-Ni was further decreased in the NiF2 electrode, however no
noticeable differences were observed in the NiO-NiF2/C.

5.3.4. Relationship between the conversion reaction and the particle size of Ni NPs
To elucidate the relationship between the conversion reaction kinetics and the size
of Ni NPs, we compared the amplitude corresponding to Ni-Ni on the EXAFS spectra at
each discharged state. It is clearly observed that the magnitude of Ni-Ni after the 1st
discharge diminished in the NiF2 compared to metallic Ni (see Figure 4.4 (c)) suggesting
that Ni NPs were formed due to slow growth rate of Ni upon the conversion process [106,
118]. More quantitative studies on the size of Ni NPs were carried out by the refinement
of structural models against the EXAFS data. The refined structural parameters including
bond length, Debye-Waller factor (σ2), Ni NPs size and R-factors are present in Table 4.2.
EXAFS is sensitive to crystallite size, since the average coordination number for a given
scattering path is suppressed by a factor that depends upon the distance between the
absorbing and scattering atoms [119]. In this sense, Calvin et al. suggested the average
particle size in the materials can be estimated by the following equation.
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(eq. 4.1)

The crystallite is considered a homogeneous sphere of radius R. For multiplescattering paths, r is the distance from the absorbing atom to the most distant scattering
atom, rather than half of the total path length. On the basis of the EXAFS refinement,
average size of Ni NPs in the NiF2 was approximately 3.29 nm after the 1st discharge, and
they became even smaller, 1.89 nm, after the 2nd discharge. It is worth to note that the
bond distances of Ni-Ni in the 2nd discharged NiF2 are slightly larger compared with the
other discharged states. This type of lattice expansion can be ascribed to a nano-size
effect, because similar expansions have also been detected in nano-sized metals [102,
120]. Nevertheless, the size of Ni NPs and the bond lengths appeared to be preserved
until the 2nd discharge in NiO-NiF2/C electrode.
To evaluate the phase distribution and the Ni NPs size after the 1st and 2nd
discharge, PDF measurements were undertaken (see Figure 4.5). The r-range over which
well-defined features are evident in the PDF, G(r), reflects the length scale of wellordered structural domains-no peaks are evident at distances beyond the size of the NPs
[84]. A clear reduction in the length scale of ordering was evident from the PDFs for the
cycled electrodes compared to pure NiF2 systems. The PDFs for the 1st and 2nd
discharged NiO-NiF2/C were very similar. The phase distributions and particle
dimensions were quantified by refining structural models against the PDF data. This
analysis shows that after the 1st discharged both systems consist of Ni NPs with a
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bimodal size distribution centered at ~14 Å and ~40 Å with a minor amount of rock salt
NiO. During the 2nd discharge there was a moderate (~10%) increase in the relative
abundance of the smaller NPs for the NiO-NiF2/C system. This change in the NP size
distribution likely reflects the decrease in the average NP size evident in the EXAFS
analysis (31.9 Å to 28.8 Å) after the 2nd discharge (Table 4.2). By contrast, after the 2nd
discharge for NiF2, as also evident in the EXAFS analysis, only the smaller NPs were
observed.
The reduced Ni particle size following the 2nd discharged of NiF2 can be
attributed to slow growth of metallic Ni [107]. Since the conversion reaction starts from
the surface and propagates inwards, the surface properties are pivotal to initiate the
reaction [102]. Based on the observations by EXAFS and PDF, we speculate that a SEI
layer formed during 1st discharge may further retard the initiation of the reduction process
(Ni2+ to Ni0) on the surface of the NiF2. This limits the kinetics of the conversion process,
the growth of Ni, resulting in even smaller NPs during the 2nd discharge. The increased
portion of NiO after the 2nd discharge is not clearly understood yet. It may be that the
smaller NPs are more susceptible to surface oxidation upon recovery, i.e. to collect the
PDF data. Perhaps the surface oxidation is the origin of the unexpectedly large fraction of
NiO in the 2nd discharged electrode. In the NiO-NiF2/C, on the other hand, the NiO
doping and the carbon layer surrounding the NiF2 particles possibly provide enough
electronic conductivity to initiate the conversion reaction on the surface. The enhanced
conductivity on the surface maintains the kinetics of the conversion process until the 2nd
cycle. Taking every observation and analysis into account, we deduce that the changes in
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size of Ni NPs for the 1st and 2nd discharged electrodes are affected by the electronic
conductivity, specifically on the surface, and eventually correlated to the reversibility.

5.3.5. Improve cycling properties using CMC binder systems
CMC binder systems were utilized to improve the capacity retention of volume
expanding conversion materials. CMC shows the extended conformation in the solution,
which facilitates an efficient networking process between the conductive agent and active
materials. In addition, the chemical bonding between CMC binder and the active material
particles contributes to the enhanced capacity retention suppressing the volume expansion
[109, 110]. Significantly improved cycling properties were observed in NiO-NiF2/C with
CMC binder until 9th cycle. Except for the large irreversible capacity at the 1st cycle, 91%
of capacity was retained from the 2nd to 9th cycle. Obvious volume expansion was found
in the PVDF electrodes after the cycling (see Figure 4.6. (insets)). Although the
theoretical volume expansion is 24% in the NiF2 material, no remarkable volume
expansion was detected in CMC binder system. The checmial bonding between CMC
and active materials possibly suppresses the volume changes maintaining the electronic
contact with Al substrate. The capacity, however, was abruptly faded at the 10th cycle in
CMC system. It is speculated that the pulverization of the electrode may cause the loss of
the cathode materials from the electrode leading to considerable amount of capacity
fading. According to the recent researches regarding the binder systems, the cycling
properties can be further improved by using poly(ethylene-co-acrylic acid) blendedbinder, which shows excellent capacity retention with both alloying and intercalation
electrode materials [110, 121]. More recently, the alginate binder has been demonstrated
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to improve the capacity and cycling of Si anode drastically due to weak electrolyte–
binder interaction, and formation of deformable and stable SEI layer on the Si surface
[122]. Optimizing the binder systems and the composition of the electrodes is now in
progress. We believe that the cycling performances of volume expanding conversion
materials can be further improved using advanced binder systems.

5.4. Conclusions
The conversion mechanisms of NiO-NiF2/C have been investigated and compared
with pure NiF2 using XAS and PDF analysis. The NiO-NiF2/C electrode showed
significantly improved reversible conversion reaction over pure NiF2 due to enhanced
electronic conductivity. It is observed by EXAFS that the average size of Ni NPs was
diminished after the 2nd discharge in pure NiF2 electrode. The PDF analysis indicated that
a bimodal size distribution (~14 Å and ~40 Å) of Ni NPs was found in both NiF2 and
NiO-NiF2/C electrodes after the 1st discharge. However, only smaller NPs (~14 Å) are
remained for pure NiF2 after the 2nd discharge. This may be ascribed to poor electronic
conductivity on the surface of the NiF2 originated from large amount of SEI layer formed
upon the 1st discharge. In contrast, a bimodal size distribution was maintained for the
NiO-NiF2/C since the NiO doping and the carbon layer on the surface possibly provide
enough electronic conductivity to initialize the conversion reaction from the surface.
Based on in-depth insights into the conversion mechanisms of NiF2 and NiO-NiF2/C, we
infer that the size changes in Ni NPs for the 1st and 2nd cycles are significantly influenced
by the electronic conductivity; consequently have a strong correlation to the cyclability of
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the batteries. We also suggest that the cycling properties can be further improved by
utilizing CMC binder system.
Chapter 5, in full, is currently being prepared for submission for publication of the
material “Understanding Improved Electrochemical Properties of NiO doped Nickel
Fluoride/Carbon Composites Conversion Materials by X-ray Absorption Spectroscopy
and Pair Distribution Function”. The dissertation author was the primary investigator and
author of this paper. All the experiment and writing were conducted by the author except
for the PDF fitting.
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(a)

(b)

Figure 5.1 (a) XRD patterns of NiO-NiF2/C (black), and pure NiF2 (red) and NiO-NiF2
(blue) for comparison. (h k l) marks the Bragg diffractions related to NiF2 , P42/mnm and
(+) indicates NiO phase, and (b) TEM micrographs of as-prepared NiO-NiF2/C powder
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Figure 5.2 The electrochemical profiles of 1st discharge and charge for NiO-NiF2/C and
pure NiF2 (red dots) with a C/20 rate in the voltage range of 1.0 ~ 4.5 V at room
temperature. The theoretical capacity of NiF2 is 550 mAh g-1
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(a)

(b)

Figure 5.3 XANES spectra at Ni K-edge (8333 eV) of (a) NiF2, (b) NiO-NiF2/C at initial,
1st discharge, 1st charge and 2nd discharge including Ni metal standard (black dots), and (c)
phase distribution at different state of charge by the linear combination fit
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(c)

Figure 5.3 XANES spectra at Ni K-edge (8333 eV) of (a) NiF2, (b) NiO-NiF2/C at initial,
1st discharge, 1st charge and 2nd discharge including Ni metal standard (black dots), and (c)
phase distribution at different state of charge by the linear combination fit, Continued
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(a)

(b)

Figure 5.4 EXAFS spectra at Ni K-edge (8333 eV) of (a) NiF2 at initial, 1st discharge, 1st
charge and 2nd discharge including Ni metal standard (black dots), (b) NiO-NiF2/C at
initial, 1st discharge, 1st charge and 2nd discharge including Ni metal standard (black
dots), and (c) enlarged EXAFS regions for 1st and 2nd discharged electrodes along with Ni
metal standard (black dots)
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(c)

Figure 5.4 EXAFS spectra at Ni K-edge (8333 eV) of (a) NiF2 at initial, 1st discharge, 1st
charge and 2nd discharge including Ni metal standard (black dots), (b) NiO-NiF2/C at
initial, 1st discharge, 1st charge and 2nd discharge including Ni metal standard (black
dots), and (c) enlarged EXAFS regions for 1st and 2nd discharged electrodes along with Ni
metal standard (black dots), Continued
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(a)

(b)

Figure 5.5 (a) Overall PDF profiles of the 1st and 2nd discharged NiF2, and NiO-NiF2/C,
and (b) phase distribution by full profiles fits to the PDF data
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Figure 5.6 (a) The electrochemical cycling properties of NiF2 (black), and NiO-NiF2/C
with PVDF (red) and CMC (blue) binder systems at C/20 rate at room temperature, and
pictures of the cycled electrodes (insets)
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Table 5.1 Parameters and reliability factors obtained by the Rietveld refinement NiONiF2 and NiO-NiF2/C XRD patterns

NiO-NiF2
NiF2 Space group: P42/mnm

NiO-NiF2/C
NiF2 Space group: P42/mnm

Atom

Site

x

y

z

Occ.

Atom

Site

x

Y

z

Occ.

Ni

2a

0

0

0

1

Ni

2a

0

0

0

1

F

4f

0.300

0.300

0

2

F

4f

0.298

0.298

0

2

a = b = 4.6421(5) Å, c = 3.0667(2) Å
Rwp = 2.39%, RB = 5.61%

a = b = 4.6354(2) Å, c = 3.0580(7) Å
Rwp = 3.66%, RB = 19.50%

NiO Space group: Fd–3m

NiO Space group: Fd–3m

Atom

Site

x

y

z

Occ.

Atom

Site

x

Y

z

Occ.

Ni

4a

0

0

0

1

Ni

4a

0

0

0

1

O

4b

0.5

0.5

0.5

1

O

4b

0.5

0.5

0.5

1

a = b = c = 4.1648(9) Å
Rwp = 2.39%, RB = 7.19%

a = b = c = 4.1529(3) Å
Rwp = 3.66%, RB = 1.58%
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Table 5.2 Refined structural parameters of the NiF2 and NiO-NiF2/C at different
discharge states obtained from EXAFS measurements at the Ni K-Edgea

2

sample

NiF2
1st
discharged

NiF2
2nd
discharged

NiONiF2/C
1st
discharged

NiONiF2/C
2nd
discharged

a

Phase

Ni

Ni

Ni

Ni

Atom

CN

R (Å)

σ
-3
2
(10 Å )

Ni

12

2.478 ±
0.004

8.3

Ni

6

3.506 ±
0.004

10.7

Ni

24

4.294 ±
0.004

6.5

Ni

12

2.511 ±
0.019

3.2

Ni

6

3.551 ±
0.019

9.6

Ni

24

4.349 ±
0.019

8.4

Ni

12

2.472 ±
0.010

2.6

Ni

6

3.499 ±
0.010

3.7

Ni

24

4.294 ±
0.010

9.1

Ni

12

2.471 ±
0.008

1.7

Ni

6

3.494 ±
0.008

1.5

Ni

24

4.279 ±
0.008

1.3

Ni
particle
Size
(nm)

R factor
(%)

3.29

1.22

1.89

1.01

3.19

0.73

2.88

1.02

The interatomic distance (R), Debye−Waller factor (σ2), and size of Ni NPs was refined.
The coordination number (CN) was fixed based on the structural model.

Chapter 6. Advanced cathode for Na-ion batteries with high rate and excellent
structural stability

Li-ion batteries offer the highest energy density among all secondary battery
technologies, have dominated the portable electronics market and have been chosen to
power the next generation of electric vehicles and plug-in electric vehicles. Nevertheless,
the concerns regarding the size of the lithium reserves and the cost associated with Li-ion
technology have driven the researchers to search more sustainable alternative energy
storage solutions. In this light, sodium-based intercalation compounds have made a major
comeback because of the natural abundance of sodium. In this chapter, P2 type cathode,
Na2/3[Ni1/3Mn2/3]O2, is intensively investigated to reveal the structural stability and Naion mobility using synchrotron X-ray diffraction, electrochemical characterization and
computational techniques. The diffusivity of Na-ions in the P2 structure is faster than that
of Li-ions in O3 phase. P2 to O2 phase transformation is observed in the high voltage
region, however excellent battery properties are obtained by excluding the phase
transformation.

6.1. Introduction
The worldwide demand to develop the electrical energy storage is growing as
renewable energy technologies such as wind and solar energy conversion become
increasingly prevalent. Going forward with large-scale stationary electrical storage, new
battery systems which are more reliable and lower in cost will be required [123]. Li-ion
batteries have been considered one of the most suitable candidates; however there are
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concerns about the cost and the geopolitical limit of lithium sources. In order to develop
the alternative energy storage devices, usage of abundant and environmental-friendly
elements is needed. Ambient temperature sodium-based batteries have the potential for
meeting those requirements due to the wide availability and low cost. In addition, they
provide an alternative to Li-ion batteries, since the gravimetric energy density is
comparable to Li-ion batteries.
Studies on electrochemical insertion and extraction of Na-ions began in the late
1970s and early 1980s [124-128]. Due to the tremendous success of Li-ion batteries,
limited efforts have been spent on Na-ion batteries during the past two decades. More
intensive researches on various cathode materials have been conducted since 2000s with
the concern regarding the long term viability of Li chemistry. A series of studies on
layered cathode materials for Na-ion batteries have been conducted. Sodium-based
layered cathode materials are categorized into two major groups which are P2 and O3
type. The first letter “P” or “O” refers to the nature of the site occupied by alkali ion
(prismatic or octahedral), and “2” or “3” refers to the number of alkali layers in the repeat
unit perpendicular to the layering [26]. The P2 - NaxCoO2 material has been investigated
by Delmas’s group to reveal the phase transformations and electrochemical behaviors
[129-132]. Layered O3 type NaxVO2 [133], NaxCrO2 [30], NaxMnO2 [31], and
NaxFeO2[32] have also been reported to be able to host Na-ions upon charge and
discharge, however the capacity fading was significant. A study by Lu et. al demonstrated
that the P2 - layered oxide, Na2/3[Ni1/3Mn2/3]O2 can reversibly exchange Na-ions in
sodium cells [41, 42]. In addition to the layered materials, some phosphates based on
either the olivine [63, 66, 79, 80] or NASICON [48-50] structures appeared to hold
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particular promise. Their strong inductive effect of the PO43- polyanion that moderates
the energetic of the transition metal (TM) redox couple generates relatively high
operating potentials in Na-ion batteries. More recently, advanced Na compounds with
novel

structures

have

been

prepared

and

characterized.

Li

substituted

Na1.0Li0.2Ni0.25Mn0.75O2 was studied by Kim et. al and displayed 95 mAh/g of specific
capacity, excellent cycling and rate capabilities. It is hypothesized that Li in the transition
metal layer improves the structural stability during the cycling [43]. The research on
single crystal Na4Mn9O18 nanowires was conducted by Cao et. al, and they demonstrated
that their Na-ion battery exhibited 110mAh/g and good cycling properties until 100
cycles [134]. This compound has drawn significant attention due to the large tunnels in
the structure, which are suitable for incorporation of Na-ions [135, 136]. However, they
still require the substitution of inactive species or nano-scale fabrication which might
diminish the advantage of using low cost sodium. As we mentioned earlier, the
reversibility of P2 - Na2/3[Ni1/3Mn2/3]O2 has been demonstrated experimentally. However
no subsequent studies have been conducted for nearly a decade presumably due to the
poor electrochemical performances, though the material is lower in cost and easy to
synthesize. Since Na-ion is 70% larger in volume than Li-ion, unique and robust
structures are required for long term stability and new intermediate phases due to Na-ion
vacancy ordering may be expected during the cycling. Such unique crystal structural
penomena and related electronic properties can be efficiently investigated using first
principles computational techniques because of their atomistic level precision [137].
Despite the many advantages, only a few computational studies on the physical or
chemical properties of Na-ion batteries have been performed [138, 139].

88

In this work, we combine both experimental and computational methods to
investigate the structural, electronic, and electrochemical properties of P2 Na2/3[Ni1/3Mn2/3]O2. The phase transformations upon the charge and discharge were
precisely characterized by synchrotron XRD and confirmed by first principles
calculations. New intriguing patterns of Na-ions vacancy orderings were identified,
which correspond to the intermediate phases during electrochemical cycling. The
diffusion barriers calculated by the nudged elastic band (NEB) method and
experimentally measured by galvanostatic intermittent titration technique (GITT)
demonstrate that the mobility of Na-ions is indeed faster than that of Li-ions in a typical
O3 structure. High rate capability and excellent cycling properties can be obtained by
limiting the P2-O2 phase transformation.

6.2. Experimental
A co-precipitation technique was utilized for the synthesis of the stoichiometric
NaOH (Sigma-Aldrich) solution at 10 ml/h rate. The co-precipitated M(OH)2 were then
filtered using a centrifuge and washed three times with deionized water. The dried
transition metal precursors were ground with a stoichiometric amount of Na2CO3
(anhydrous, 99.5%, Strem chemicals). The calcinations were performed at 500 °C for 5 h
and at 900 °C for 14 h in air.
Cathode electrodes were prepared by mixing Na2/3[Ni1/3Mn2/3]O2 with 10 wt%
acetylene black (Strem chemicals) and 5 wt% polytetrafluoroethylene (PTFE). Na metal
(Sigma-Aldrich) was used as the counter electrode. 1M NaPF6 (99%, Strem chemicals) in
the battery grade 67 vol.% diethylene carbonate (DEC) and 33 vol.% ethylene carbonate
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(EC) (Novolyte) were used as the electrolyte and the glass fiber GF/D (Whatman) was
used as the separator. The swagelok type cells were assembled in an argon filled glove
box (H2O < 0.1 ppm) and tested on an Arbin battery cycler in the galvanostatic mode. To
measure the chemical diffusion coefficient, the galvanostatic intermittent titration
technique (GITT) was imployed at a pulse of 17 μA (C/100) for 1 h and with 2 h
relaxation time between each pulse.
The samples for XRD were obtained by disassembling cycled batteries in an
argon-filled glovebox. The cathode was washed by battery grade dimethyl carbonate
(DMC) 3 times and dried in the vacuum oven at 100 °C for 24 h. The cathode film was
sliced into thin pieces and mounted in the hermitically sealed capillary tubes for ex-situ
XRD. Powder diffractions of all samples were taken using synchrotron XRD at the
Advanced Photon Source (APS) at Argonne National Laboratory (ANL) on beamline 11BM (λ = 0.413384 Å). The beamline uses a sagittal focused X-ray beam with a high
precision diffractometer circle and perfect Si(111) crystal analyzer detection for high
sensitivity and resolution. XRD patterns were analyzed by Rietveld refinement method
using FullProf software [86].
The ﬁrst principles calculations were performed in the spin-polarized GGA + U
approximations to the Density Functional Theory (DFT). Core electron states were
represented by the projector augmented-wave method [140] as implemented in the
Vienna ab initio simulation package (VASP) [141-143]. The Perdew-Burke-Ernzerhof
exchange correlation [144] and a plane wave representation for the wave function with a
cutoff energy of 450 eV were used. The Brillouin zone was sampled with a dense kpoints mesh by Gamma packing. The supercell is composed of twenty-four formula units
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of Na2/3[Ni1/3Mn2/3]O2. In the supercell, there are two layers of TM, and two layers of Naions. The in-plane dimension is √

√

. The lattice shows a P 63/m m c

layered structure. The atomic positions and cell parameters are fully relaxed to obtain
total energy and optimized cell structure. To obtain the accurate electronic structures, a
static self-consistent calculation is run, followed by a non-self-consistent calculation
using the calculated charge densities from the ﬁrst step. The cell volume is ﬁxed with
internal relaxation of the ions in the second step calculation. The Hubbard U correction
was introduced to describe the effect of localized d electrons of transition metal ions.
Each transition metal ion has a unique effective U value applied in the rotationally
invariant GGA + U approach. The applied effective U value given to Mn ions is 4 eV and
to Ni ions is 6.1 eV, consistent with early work [8, 145, 146]. The migration barriers of
Na-ion and vacancy in the material are calculated using the NEB method as implemented
in VASP.

6.3. Results and discussion
6.3.1. Electrochemical properties of P2 – Na2/3[Ni1/3Mn2/3]O2
Fig. 5.1 (a) shows the experimental voltage profiles as a function of the specific
capacity in the voltage range from 2.3 ~ 4.5 V at a low rate that represents nearequilibrium (C/100). The as-calculated voltage profiles (dotted line) match qualitatively
well with the experimental voltage pattern. The theoretical capacity of P2 –
Na2/3[Ni1/3Mn2/3]O2 is 173 mAh g-1 considering Ni2+ - Ni4+ redox reaction which is
associated with 2/3 of Na-ions. However the material exhibits 190 mAh g-1 of specific
capacity at the 1st charge which is 17 mAh g-1 higher than the theoretical value
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presumably due to possible electrolyte decomposition above 4.4 V. Reversibly, 140 mAh
g-1 of specific capacity was obtained at the following discharge, indicating that the
reversibility is around 74%. It was observed that there are two major intermediate phases
at 3.5 and 4.0 V upon the charge, which correspond to the Na content of 1/2 and 1/3,
respectively. A long plateau was observed at 4.22 V indicating that a two phase reaction
is occurring. According to the energy calculation shown in Fig. 5.1 (b), P2 has the lowest
energy in the region 1/3 < x < 2/3, thus is the most stable phase. After removing all Naions (x = 0), O2 is more stable phase whose energy is 25 meV f.u.-1 (1 f.u. contains one
[Ni1/3Mn2/3] unit) lower than P2 phase. This energy difference is significant as the DFT
accuracy is about 3 meV f.u.-1. The schematics of P2 and O2 structures are shown in Fig.
5.1 (c), where Na-ions are coordinated by prismatic site and octahedral site. Therefore the
oxygen stacking sequences of P2 and O2 are “AABB” and “ABCB” respectively. It is
easy to visualize that O2 structure can be formed by simply gliding of two oxygen layers
without breaking the bonds between oxygen and TMs. The coexistence of these two
phases leads to the long plateau at 4.22 V in the region 0 < x < 1/3. Using P2 at x = 2/3
and O2 at x = 0 as the reference states, the convex hull connecting all the lowest
formation energy (dotted line in Fig. 5.1 (b)) is constructed, which has been extensively
used as a direct measure of phase stability [147, 148]. The two points (dotted circle in
Fig. 5.1 (b)) at x = 1/2 and 1/3 shown on the convex hull correspond to two new stable
intermediate phases. In order to identify the intermediate phases, synchrotron XRD and
advanced calculation are applied.

6.3.2. Structural properties of P2 – Na2/3[Ni1/3Mn2/3]O2 upon the charge and
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discharge
As shown in Fig. 5.2 (a), ex-situ synchrotron XRD was taken at the different Na
contents to investigate the new phases and precise sodium intercalation and deintercalation mechanisms. All the reflections can be indexed in the hexagonal system
using the P63/m m c space group except for the fully charged phase. The peaks at 3.4 o
and 6.7o are associated with the hydrated P2 phase [149]. As reported in earlier work, it
was observed that the phase transformation from P2 to O2 occurs above 4.2 V upon the
charge, and the P2 phase is reversibly regenerated at the following discharge to 3.75 V.
Although the voltage rises were clearly observed at 3.5 V and 4.0 V, no obvious changes
are detected in the XRD peak positions and intensities, which are consistent with the
earlier report. On the pristine and fully discharged XRD patterns, the small peaks were
detected at 7.23o, 7.54o and 7.8o possibly due to the existence of Na-ion vacancy
superstructure ordering (Fig. 5.2 (a) right), which will be discussed later. In order to
obtain precise information regarding the structural changes, Rietveld refinement was
carried out to identify the site occupancies and lattice parameters. Detailed Rietveld
refinement fitting results of Nax[Ni1/3Mn2/3]O2 are shown in Table 5.1. Changes in lattice
parameters are shown in Fig. 5.2 (b). During Na-ion extraction, the a lattice parameter,
which are dominated by the M–M distance, decreases slightly as expected from the
oxidation of Ni ions. The a lattice parameter is maintained after 1/3 Na-ions are extracted
from the structure possibly due to the P2 to O2 phase transformation. However, the c
lattice parameter slowly increases until x approaches 1/3 and then decreases drastically at
the P2 to O2 transformation region; where x is lower than 1/3. Once the 1/3 of Na-ions
are extracted, successive O layers directly face to each other without any screening effect
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by Na-ions. Therefore, the increased electrostatic repulsion between these oxygen layers
expands the c lattice parameter along the z-axis. After 1/3 Na-ions are removed from the
structure, oxygen layers prefer to shift resulting in O2 stacking. Though the changes in c
lattice is relatively large, P2-O2 transformation requires no bond breaking between
oxygen and TM indicating that the required energy is low and the possibility of structural
collapse is small. The changes in the lattice parameters appear to be reversible at the
following discharge. The changes in the site occupancies of Na-ions during the 1st charge
and discharge are shown in Fig. 2b. There are two different Na sites in the P2 structure,
which are face sharing with MO6 (Naf) and edge sharing (Nae) [40]. The total refined Na
amount in the as-prepared sample is 0.68, where 0.25 of Na are sitting on Naf site and
0.43 of Na are located in Nae site. In general, the simultaneous occupancy of both sites
allows the in-plane Na+ - Na+ electrostatic repulsion to be minimized leading to globally
stable configurations. However, the Nae site is energetically more favorable in
comparison with the Naf site due to lower electrostatic repulsion between Na+ and TM+.
Upon the charge, the Na-ions in Nae site appears to extract slightly faster than Na-ions in
the Naf site until x approaches to 1/3, possibly due to the higher in-plane Na+ - Na+
electrostatic repulsion in Nae site. However, the occupancies in both sites are uniformly
extracted after that concentration. Upon the discharge, Na-ions in both sites are uniformly
filled until x approaches to 1/3, where Naf = Nae = 0.17. Although the simultaneous
occupancies of both sites are essential to minimize the in-plane electrostatic repulsion, it
appears that this repulsion is saturated once around 0.17 Na-ions are filled in each site.
After this saturation, the electrostatic repulsion between Na+ and TM+ energetically
governs the occupancies leading to majority Na-ions in Nae site.
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6.3.3. Na-ion ordering effects
As discussed above, the overall occupancy ratio is decided by the competition
betwen sites energy and electrostatic repulsion. This competition also has effects on the
in-plane arrangement of Na-ions. Our calculation reveals that the other two short voltage
steps at 3.5 V and 4.0 V mainly result from the in-plane ordering effect. In Fig. 5.3 (a),
the stable ordering patterns in pristine materials consist of Naf connecting in a very
intruiging pattern. The distance between such Naf ions is 2ahex, which has been named
“large zigzag” (LZZ) by Meng et. al. [150, 151]. The other simpler ordered states where
all Na atoms form “honeycomb”, “diamond” or “row” [152-154] with no Naf sites
occupied, have at least 20 meV f.u.-1 higher energy compared to that of LZZ. Therefore
the ground state ordering has part of Na-ions in high energy sites (Naf) in order to achieve
the stability by minimizing the electrostatic repulsion among Na-ions. In fact, LZZ
pattern has also been detected by our synchrotron XRD. As illustrated in Fig. 5.2 (a)
right, three superstructure peaks in pristine electrode are observed, which correspond to
the d-spacing of around 3.2 Å. This value is consistent with the average distance between
nearest neighbored Na-ions in the proposed LZZ pattern. Superstructure peaks dissappear
as Na-ions are extracted and the concentration deviates from 2/3, however they are
recovered in the fully discharged electrode, suggesting that such Na-ions vacancy
ordering is preferred at x = 2/3 concentration. Though there is a possibility that the TM
charge ordering could exist, but XRD cannot probe the charge ordering as the TM-ions
have similar scattering intensities. Therefore, the superstructure observed is surely from
Na-ions vacancy ordering. At x = 1/2 (Fig. 5.3 (b)), the ordering is changed from LZZ to
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rows, where one row of Naf and two rows of Nae arrange in the plane alternatively. When
the concentration is reduced to 1/3, Na orders in rows on either Nae or Naf sites in a
single layer. However, the stacking faults along the c-axis caused by P2 to O2 oxygen
framework shift prevent us from finding peaks related to superstructures by the power
diffraction [155]. A more detailed study to shed light on the evolution of these
superstructures upon cycling is currently underway. This is the first time that Na-ion
ordering effects are reported and discussed in Nax[Ni1/2Mn2/3]O2, though a lot of work has
been done on NaxCoO2, a thermoelectric oxide material [150, 151]. Based on our
calculation, this ordering preference is essential during the electrochemical cycling and
common for all Na compounds.

6.3.4. Diffusion properties of Na-ion in P2 – Na2/3[Ni1/3Mn2/3]O2
Noticing that Na-ions prefer different in-plane ordering at different Na
concentration, it is hypothesized that such a fast self-arrangement must require high Naions mobility in the material. A NEB calculation is applied to further study the activation
barrier in the Nax[Ni1/2Mn2/3]O2. The Na-ions diffusion paths of P2 (left) and O2 (right)
are shown in Fig. 5.4 (a). The path with the minimum energy in P2 structure is passing
through a shared face between two neighboured Na prismatic sites. For O2 structure, the
Na-ions have to cross the tetrahedron between two octahedral sties by means of a
divacancy mechanism [156]. According to Fig. 5.4 (b), Na-ions need only around 170
meV to be activated in the diffusion process, when the concentration range is 1/3 < x <
2/3; this activation barrier is lower than half of its corresponding O3 – Li compounds
[157]. In the P2-O2 phase transformation region, the required energy increases to over
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290 meV, indicating a low hopping rate and slow Na-ion mobility. This big energy
difference results from the distinct diffusion paths. It is evident that in P2 structure, the
diffusion path of Na-ions is more spacious than that in O2 structure leading to much
lower activation barrier. Once most of Na-ions are removed, the energy barrier decreases
back to 250 meV due to the relatively small repulsion from neighboring ions in the dilute
concentration. In addition to the NEB calculation, GITT was performed to measure the
Na-ions mobility as a function of Na concentration in Nax[Ni1/3Mn2/3]O2, since it is
known to be more reliable to calculate the chemical diffusion coefficient, especially when
intrinsic kinetics of phase transformations are involved [158]. Fig. 5.4 (c) shows the
variation of chemical diffusion coefficient of Na-ions (DNa) in Nax[Ni1/3Mn2/3]O2
determined from the GITT profiles. The minimum value of DNa is observed in 0 < x <
1/3, where P2 to O2 phase transformation occurs. However, the DNa in the solid solution
region (1/3 < x < 2/3) exhibits 7 x 10-9 ~ 1 x 10-10 cm2 sec-1, which is around 1 order of
magnitude higher than corresponding Li diffusivity in O3 compounds, where D Li is 3 x
10-9 ~ 2 x 10-11 cm2 sec-1 [159]. Both NEB calculation and GITT demonstrated that Naions diffusion in P2 - Na2/3[Ni1/3Mn2/3]O2 is fast.

6.3.5. Electronic structural properties
To obtain the information on the oxidation sates of TM, the density of states
(DOS) of Ni and Mn 3d orbitals in Nax[Ni1/2Mn2/3]O2 (x = 2/3, 1/3, 0) are calculated and
presented in Fig. 5.5. Since the Ni and Mn ions sit in the octahedral site surrounded by 6
oxygen ions, 3d bands of TM ions split into t2g and eg bands. In the Ni DOS for pristine
materials (x = 2/3, black curve in Fig. 5.5 (a)), the energy levels of both spin-up and spin-
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down states in the t2g orbitals are lower than the Fermi energy, indicating that the t2g
orbitals are fully occupied. Similarly, the spin-down states of the eg orbitals are also full
of electrons, since their energy levels are below the Fermi level. However, the energy
levels of spin-up states in the eg orbitals are above the Fermi level, indicating no orbitals
are occupied. This electron configuration, t2g6eg2, by Ni DOS demonstrates the presence
of Ni2+ in the pristine material. In the half de-intercalated state (x = 1/3, red curve in Fig.
5.5 (b)), the Ni DOS suggests that the t2g orbitals are still completely occupied. However
the spin-down states of eg orbitals are separated into two peaks, where one peak has lower
energy than the Fermi level. This indicates that one of the spin-down eg orbitals is
occupied leading to the t2g6eg1 electron configuration, so the existence of Ni3+ is
confirmed at x = 1/3. After removing all Na-ions (x = 0, blue curve in Fig. 5.5 (c)), most
of the electrons in the eg orbitals are removed as the energy levels of eg orbitals are higher
than the Fermi level. However, the DOS suggested that certain amount of the electron
density is still found in eg orbitals. Based on our calculation, Ni-ions are oxidized to +3.5
at the end of the charge. On the other hand, Mn-ions remain predominately at tetravalent
with fully occupied t2g orbitals and completely empty eg orbitals, independent of the
changes in Na concentrations (green curve in Fig. 5.5 (a), (b), and (c)). In summary, our
calculation illustrates the evolution of electronic structures in TM; when Na-ions are
gradually extracted, Ni-ions undergo the transition of Ni2+ - Ni3+ - Ni3.5+, while Mn-ions
stay at +4 valence state upon the whole cycling maintaining the structural stability in the
absence of Jahn-Teller active Mn3+.
In addition to the changes in transition metal states, our calculation also suggests
that O-ions are involved in the redox reaction providing additional electrons at the end of
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charging process to keep the charge balance in the compound (Fig 5.6). The valence of
O-ions is investigated qualitatively from the changes of spin distribution on O layer. In
Fig. 5.6 (a), part of the O layers of Nax[Ni1/3Mn2/3]O2 supercell is represented by the red
balls along with the adjacent TM slab. The corresponding spin densities in the pristine
and fully charged materials are shown in Fig. 5.6 (b) and 5.6 (c), respectively. Though the
plane is cut through O layer, the spin density of Ni and Mn-ions can still be observed
partially. In the pristine material (x = 2/3, Fig. 5.6 (b)), well bonded O 2p electrons can be
clearly observed, however, the shape of O 2p electron clouds change significantly in fully
charged phase (x=0), suggesting the obvious changes in O valence. Compared with the
dramatic changes around O, the electron densities of Mn-ions are slightly increased due
to the charge re-hybridization around O. The above results demonstrate that the extra
electrons, which cannot be provided by Ni redox couples, come from O-ions during the
charging stage. Similar phenomena have also been proposed in some Li compounds [160,
161]. Such phenomena are likely to attribute the low rate and poor cycling capability at
extremely low Na concentration. Detailed study to reveal the evolution of atomic and
electronic structures of the TM upon cycling by in-situ XAS is currently in progress.

6.3.6. Improved electrochemical properties of P2 – Na2/3[Ni1/3Mn2/3]O2
The electrochemical properties of P2 - Na2/3[Ni1/3Mn2/3]O2 are shown in Fig. 5.7.
Cycling tests were carried out using different cut-off voltages (4.5 V and 4.1 V), as well
as different C-rates, C/100, C/20 and C/5. The cycling performances are significantly
affected by the P2-O2 phase transformation above 4.2 V. As shown in Fig. 5.7 (a), the
voltage cut-off at 4.1 V prevents the P2-O2 phase transformation avoiding the dramatic
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changes in oxygen framework of the host structure. The 1st discharge capacity was 134
mAh g-1 if the cut-off voltage is 4.5V, however the capacity retention at the 2nd discharge
was 89%, and only 64% of capacity can be obtained after 10 cycles. However, the
cycling excluding the phase transformation region shows excellent capacity retentions at
both C/20 and C/5. The capacity at the 1st discharge was 87.8 mAh g-1 at C/20, which is
corresponding to the insertion of 1/3 Na-ions. 94.9% of capacity can be retained after the
50th cycle at the average voltage of 3.4 V vs. Na+/Na. In C/5 cycling, the 1st discharge
capacity was 81.85 mAh g-1, corresponding to 93% of capacity obtained at C/20. The
capacity retention after the 50th cycle was 92% and the coulombic efficiency reached
higher than 96% during the 50 cycles. Since no battery grade Na metal is commercially
available, our Na anode contains a certain amount of impurities. Nonetheless, the cathode
still shows excellent capacity retentions during the cycling. The rate capability is also
significantly improved when excluding the phase transformation region (Fig. 5.7 (b)).
The electrode delivered 89.0 mAh g-1 at C/20, 83.3 mAh g-1 at C/2, 75.7 mAh g-1 at 1C,
corresponding to 85% of capacity at C/20 and 62.4 mAh g-1 at 2C, 70% of capacity at
C/20. Based on the electrochemical performances, it has been demonstrated that the P2 Na2/3[Ni1/3Mn2/3]O2 material in Na-ion batteries exhibits excellent cycling stability and
rate capability which are comparable to Li-ion batteries. Improvement on capacity
beyond 100 mAh g-1 in P2 structure is possible with different transition metals ratio and
alkali metal substitution.

6.4. Conclusions
In summary, ambient temperature Na-ion batteries have the potential to meet the

100

requirements for large-scale stationary energy storage sources as well as an alternative to
Li-ion batteries due to the natural abundance and low cost of sodium. We prepared P2 Na2/3[Ni1/3Mn2/3]O2 with excellent cycling property and high rate capability as a cathode
material for Na-ion batteries. The phase transformation from P2 to O2 at 4.22 V was
investigated by first principles formation energy calculation and confirmed by
synchrotron XRD. The specific Na-ions orderings were found at Na = 1/3 and 1/2, which
are corresponding to the voltage steps in the charging profile. Based on both GITT
measurement and NEB calculation, the diffusivity of Na-ions in P2 structure is indeed
higher than that in the corresponding O3 structured Li compounds. The electronic
structures have been studied and DOS calculation suggested that oxygen partially
participates the redox reaction at the end of the electrochemical charge. Consequently, it
was demonstrated that the capacity retention of 95% after 50 cycles could be obtained by
excluding the P2–O2 phase transformation and 85% of the reversible capacity could be
retained at a 1C rate. In addition, a simple synthesis method can be used to prepare this
material without any special nano-scale fabrication. Our study demonstrate that P2 Na2/3[Ni1/3Mn2/3]O2 is a strong candidate for cathode in Na-ion batteries for large-scale
energy storage.
Chapter 6, in full, is a reprint of the material “Advanced cathode for Na-ion
batteries with high rate and excellent structural stability” as it appears in the Physical
chemistry chemical physics, Dae Hoe Lee, Jing Xu, Ying S. Meng, Physical chemistry
chemical physics 2013, 15, 3304. The dissertation author was the co-primary investigator
and author of this paper. All the experiment parts were performed by the author except
for the computation parts.
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(a)

(b)

Figure 6.1 (a) Electrochemical profiles for Na/Na2/3[Ni1/3Mn2/3]O2 cells between 2.3 to
4.5 V at C/100 current rate including the calculated voltage profiles (dotted line), (b)
Calculated formation energies at different Na concentration including the convex hull
(dotted line), and (c) Structural schematics of P2 and O2 including the stacking sequence
of oxygen layers
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Figure 6.1 (a) Electrochemical profiles for Na/Na2/3[Ni1/3Mn2/3]O2 cells between 2.3 to
4.5 V at C/100 current rate including the calculated voltage profiles (dotted line), (b)
Calculated formation energies at different Na concentration including the convex hull
(dotted line), and (c) Structural schematics of P2 and O2 including the stacking sequence
of oxygen layers, Continued
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(a)

(b)

(c)

Figure 6.2 (a) Synchrotron X-ray diffraction patterns of Nax[Ni1/3Mn2/3]O2 at different x
concentration during the 1st cycle and (right) enlarged XRD patterns of pristine, charged
to 3.5 V and fully discharged electrodes between 7o to 8o including d-spacing, (b)
Changes in a and c lattice parameters, and (c) Changes in Naf and Nae site occupancies
upon the 1st cycle
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Figure 6.3 In-plane Na-ions orderings of Nax[Ni1/3Mn2/3]O2 in the triangular lattice (a) x
= 2/3, (b) x = 1/2, and (c) x = 1/3 (Blue balls: Na-ions on Nae sites, pink balls: Na-ions on
Naf sites)
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Figure 6.4 (a) The diffusion paths of P2 (left) and O2 (right), (b) Calculated activation
energy using NEB method, and (c) Chemical diffusion coefficient of Na-ions (DNa) in
Nax[Ni1/3Mn2/3]O2 calculated from GITT as a function of the Na concentration
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Figure 6.5 The electronic structures of Ni 3d and Mn 3d orbitals in Nax[Ni1/3Mn2/3]O2 at
(a) x = 2/3, (b) x = 1/3, and (c) x = 0

Figure 6.6 (a) Schematic illustration of the oxygen layer, (b) Calculated spin density
cutting from oxygen layer at x = 2/3, and (c) x = 0
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(a)

(b)

Figure 6.7 The electrochemical properties of Na/Na2/3[Ni1/3Mn2/3]O2 cells, (a) Cycling
performances at different voltage ranges (2.3 ~ 4.1 V and 2.3 ~ 4.5 V) and different Crate (C/100, C/20 and C/5), and (b) Rate capability at C/20, C/10, C/2, 1C and 2C
between 2.3 ~ 4.1 V
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Table 6.1 Rietveld refinement results (lattice parameters, Na sites, and R-factors)

Pristine Na2/3[Ni1/3Mn2/3]O2
Space group: P 63/m m c

Charged to 3.5 V Na1/2[Ni1/3Mn2/3]O2
Space group: P 63/m m c

Atom

Site

x

y

Z

Occ.

Atom

Site

x

y

z

Occ.

Ni

2a

0

0

0

1/3

Ni

2a

0

0

0

1/3

Mn

2a

0

0

0

2/3

Mn

2a

0

0

0

2/3

Naf

2b

0

0

0.25

0.25

Naf

2b

0

0

0.25

0.21

Nae

2d

2/3

1/3

0.25

0.43

Nae

2d

2/3

1/3

0.25

0.27

O

4f

1/3

2/3

0.08

2

O

4f

1/3

2/3

0.08

2

a = b = 2.889 Å, c = 11.149 Å

a = b = 2.874 Å, c = 11.208 Å

Rwp = 0.73%, RB = 4.42%

Rwp = 0.57%, RB = 6.24%

Charged to 4.0 V P2 - Na1/3[Ni1/3Mn2/3]O2
Space group: P 63/m m c

Charged to 4.5 V Na0[Ni1/3Mn2/3]O2
Space group: P 63 m c

Atom

Site

x

y

Z

Occ.

Ni

2a

0

0

0

1/3

Mn

2a

0

0

0

2/3

Naf

2b

0

0

0.25

0.17

Nae

2d

2/3

1/3

0.25

0.17

O

4f

1/3

2/3

0.08

2

Atom

Site

x

y

z

Profile matching

a = b = 2.861 Å, c = 11.227 Å

a = b = 2.860 Å, c = 9.081 Å

Rwp = 1.11%, RB = 5.75%

Rwp = 0.64%, RB = 0.29%

Occ.
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Table 6.1 Rietveld refinement results (lattice parameters, Na sites, and R-factors),
Continued

Discharged to 3.75 V Na1/6[Ni1/3Mn2/3]O2
Space group: P 63/m m c

Discharged to 3.4 V Na1/3[Ni1/3Mn2/3]O2
Space group: P 63/m m c

Atom

Site

x

y

Z

Occ. Atom

Site

x

y

z

Occ.

Ni

2a

0

0

0

1/3

Ni

2a

0

0

0

1/3

Mn

2a

0

0

0

2/3

Mn

2a

0

0

0

2/3

Naf

2b

0

0

0.25

0.10

Naf

2b

0

0

0.25

0.18

Nae

2d

2/3

1/3

0.25

0.11

Nae

2d

2/3

1/3

0.25

0.17

O

4f

1/3

2/3

0.08

2

O

4f

1/3

2/3

0.08

2

a = b = 2.863 Å, c = 11.260 Å

a = b = 2.868 Å, c = 11.235 Å

Rwp = 1.34%, RB = 10.33%

Rwp = 0.76%, RB = 7.98%

Discharged to 2.5 V Na1/2[Ni1/3Mn2/3]O2
Space group: P 63/m m c
Atom

Site

X

y

Z

Occ.

Ni

2a

0

0

0

1/3

Mn

2a

0

0

0

2/3

Naf

2b

0

0

0.25

0.25

Nae

2d

2/3

1/3

0.25

0.35

O

4f

1/3

2/3

0.08

2

a = b = 2.889 Å, c = 11.147 Å
Rwp = 1.14%, RB = 6.69%

Chapter 7. Identifying the Critical Role of Li Substitution in
P2–Nax[LiyNizMn1-y-z]O2 (0 < x, y, z < 1) Intercalation Cathode Materials for High
Energy Na-ion Batteries

In this chapter of the thesis, advanced cathode materials, Li substituted layered
P2–Na0.8[Li0.12Ni0.22Mn0.66]O2, is investigated using neutron diffraction, nuclear magnetic
resonance spectroscopy, in situ synchrotron X-ray diffraction and X-ray absorption
spectroscopy. Surprisingly, no significant phase transformation is observed up to 4.4 V
charging, unlike Li-free P2 structured Na cathodes. Excellent cycling and rate
performances are achieved in the voltage range of 2.0 ~ 4.4 V. The design principles for
the Na cathode materials are proposed, eventually higher capacity and structurally stable
compound can be obtained for high energy Na-ion batteries.

7.1. Introduction
The pressing demands for advanced energy storage technologies in large-scale
applications that are economically feasible and environmentally benign are strong drivers
for fundamental research in novel materials discovery. Though Li-ion batteries offer the
highest energy density among all the secondary battery chemistries, the concerns
regarding the amount of the reserves and the cost associated with Li sources have driven
the researchers to search more sustainable alternative energy storage solutions [123]. In
this light, Na-ion battery systems have made a major comeback because of the natural
abundance and wide distribution of Na resources. In spite of many similarities between
Li-ion and Na-ion such as the same valence state and similar outer-shell electron
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configuration, the Na compounds utilized in the batteries have demonstrated various
unique characteristics resulting in some mysterious electrochemical performances. For
example, the layered LiCrO2 is electrochemically inactive towards Li-ion; however
NaCrO2 can work reversibly as a cathode in the rechargeable Na-ion battery [33, 34].
Moreover, the Ti(IV)/Ti(III) redox couple in Na2Ti3O7 has shown a surprisingly low
average voltage (0.3V) in Na-ion batteries, which has never observed in any Li analogues
[162, 163]. Therefore, in-depth insight into the potential electrode materials for Na-ion
batteries is essential to unravel the mystery of the working principles underneath, as well
as to further optimize the materials design.
Among most of the Na cathode compounds reported to date, the P2 structured Na
layered oxides (NaxTMO2, TM = Transition Metal) have drawn significant attentions,
since their relatively opened structures are able to accommodate large Na-ions providing
spacious diffusion path as well as the structural stability. The research on the structural
properties of NaxTMO2 was started in 70’s by Delmas et al. [26, 28], and NaxCoO2 has
been firstly revealed to show reversible phase transformations by electrochemical charge
and discharge demonstrating the feasibility of NaxTMO2 as a cathode material [29].
However, limited efforts have been spent on Na-ion batteries during the past two decades
due to the tremendous success of Li-ion batteries. Recently, various P2-NaxTMO2, and
their binary or ternary derivatives, have been extensively investigated and some of them
demonstrated superior electrochemical performances [81]. Berthelot et al. has
reinvestigated P2-NaxCoO2 and demonstrated reversible battery performance between
0.45 ≤ x ≤ 0.90 [38]. P2-Na2/3[Ni1/3Mn2/3]O2 has been shown to reversibly exchange 2/3
of Na-ions in Na cells leading to the capacity of 160 mAh g-1 between 2.0 - 4.5 V [41,
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164]. Very recently, Yabuuchi et al. reported that Na2/3[Fe1/2Mn1/2]O2 delivers an
exceptional initial capacity of 190 mAh g-1 between 1.5 ~ 4.2 V [44]. However, all of
these materials undergo at least two or multiple phase transformations leading to several
voltage steps in the electrochemical profiles. This transformation is one of the major
problems that limit the practical uses of Na-ion batteries since it deteriorates the cycle life
and rate capabilities. To overcome this issue, Li substituted P2 compound,
Na1.0Li0.2Ni0.25Mn0.75O2, has been proposed by Kim et al. and displayed a single smooth
voltage profile implying a solid-solution intercalation reaction [165]. This material
delivered 95 - 100 mAh g-1 of specific capacity in the voltage range of 2.0 - 4.2 V, as well
as excellent cycling and rate capabilities. Despite of the encouraging improvements, it is
still unclear whether/how the phase transformations are possibly avoided and what the
critical roles of Li are in the structure.
In this work, we report our comprehensive study on P2-Nax[LiyNizMn1-y-z]O2 (0 <
x, y, z < 1) materials. The crystal structure including the supperlattice of Li/Ni/Mn is
characterized by both X-ray diffraction (XRD) and neutron powder diffraction. The
nuclear magnetic resonance (NMR) is applied to identify the Li sites and occupancies in
the structure. Single smooth voltage profiles are obtained in the voltage range of 2.0 ~ 4.4
V along with excellent rate and cycling performances. The structural evolution upon the
charging is tracked by in situ synchrotron XRD (SXRD). The stacking faults rather than
the phase transformations are observed and further analyzed using simulated XRD
patterns. The changes in the Li sites during the cycling are identified by ex situ NMR.
The X-ray absorption spectroscopy (XAS) is performed to study the charge compensation
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mechanisms upon the cycling. The critical contribution of Li substitution in the materials
is discussed, and the design principles of this P2 type of materials are elaborated.

7.2. Experimental
A co-precipitation technique was utilized to synthesize the compounds. TM
nitrates, Ni(NO3)2·6H2O (99%, Acros Organics) and Mn(NO3)2·4H2O (98%, Acros
Organics), were titrated into a stoichiometric NaOH (Sigma-Aldrich) solution at the rate
of 10 ml h-l. The co-precipitated TM(OH)2 were then filtered using a centrifuge and
washed three times with deionized water and then dried at 150 oC for 12 h. The dried
TM(OH)2 precursors were ground with a stoichiometric amount of Li2CO3 (99.3%,
Fisher scientific) and Na2CO3 (anhydrous, 99.5%, Strem chemicals) using agate mortar
and pestle for 30 min. The pre-calcination was performed at 500 oC for 5 h in air and then
the powder was ground again and pressed into pellets. Final calcination process was
conducted at 900 oC for 12 h in air. The stoichiometry of as-synthesized compound was
determined by inductively coupled plasma-optical emission spectroscopy (ICP-OES) and
the formula of Na0.868Li0.126Ni0.223Mn0.660O2 (normalized to Mn) was confirmed. The
excess stoichiometric amount of Na is possibly caused by the excess amount of Na source,
Na2CO3, added during the synthesis.
Time of flight (TOF) powder neutron diffraction data were collected on the
POWGEN instrument at the Spallation Neutron Source (SNS) in the Oak Ridge National
Lab (ORNL). Around 2 g of powder sample was filled into the vanadium container and
sent out for the mail-in service. Data were collected with the wavelength of 1.066 Å to
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cover a d-spacing range of 0.3−3.0 Å. The histograms were refined using Rietveld
refinement utilizing the GSAS software [166].
High quality XRD patterns were continuously collected by transmission mode at
beamline X14A of National Synchrotron Light Source (NSLS) using a linear position
sensitive silicon detector. Customized coincells which have the holes on both sides and
covered by Kapton tape were utilized for in-situ measurement. The wavelength used was
0.7784 Å. XRD patterns were collected in the region between 4.9o and 41.0o in 2Ɵ angles.
The data collection time for each XRD scan was 10 minutes. XRD data analysis was
carried out by utilizing Rietveld refinement using the FullProf software package.
X-ray absorption spectroscopy was carried out at beamline X11B of the National
Synchrotron Light Source (NSLS) at Brookhaven national laboratory. The electrodes
samples were obtained by disassembling the batteries in the Ar-filled glovebox and then
washed using battery grade diethylene carbonate (DEC) 3 times. Higher harmonics in the
X-ray beam were minimized by detuning the Si (111) monochromator by 40% at the Ni
K-edge (8333 eV) and the Mn K-edge (6539 eV). Transmission spectra were collected
along with a simultaneous spectrum on a reference foil of metallic Ni and Mn to assure
consistent energy calibration. Energy calibration was carried out by using the first
derivative in the spectra of Ni and Mn metal foils. Data were analyzed and refined using
the Ifeffit [87] and Horae [88] packages.
Cathode electrodes were prepared by mixing 85 wt% Na0.8[Li0.12Ni0.22Mn0.66]O2
with 10 wt% acetylene black (Strem chemicals) and 5 wt% polytetrafluoroethylene
(PTFE). Na metal (Sigma-Aldrich) was used as the counter electrode. 1M NaPF6 (99%,
Stremchemicals) in the battery grade 67 vol% DEC and 33 vol% ethylene carbonate (EC)
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(Novolyte) were used as the electrolyte and the glass fiber GF/D (Whatman) was used as
the separator. The Swagelok type batteries were assembled in an argon filled glove box
(H2O < 0.1 ppm) and tested on an Arbin battery cycler in the galvanostatic mode.
7.3. Results
7.3.1. Electrochemical performances of Na0.8[Li0.12Ni0.22Mn0.66]O2
The theoretical capacity of P2–Na0.8[Li0.12Ni0.22Mn0.66]O2 is 118 mAh g-1
considering Ni2+/Ni4+ redox reaction which is associated with 0.44 moles of Na-ions. As
shown in Figure 6.1 (a), the material exhibited 133 mAh g-1 at the 1st charge, which is 15
mAh g-1 higher than the theoretical value presumably due to the formation of the solid
electrolyte interphase [43]. From the second cycle, the voltage profiles are overlapped,
and around 115 mAh g-1 of specific capacity is obtained reversibly during the 30 cycles.
Even up to the 50th cycle, the capacity retention is still as high as 91% without any
optimization in the battery systems such as carbon coating, nano-scale fabrication, or
electrolyte additives. Most importantly, the voltage profiles of both charge and discharge
are one smooth curve between 2.0 V and 4.4 V, indicating the intercalation process
within a single phase. In contrast, it has been reported that the structural analogous, P2 –
Na2/3[Ni1/3Mn2/3]O2, displayed multiple intermediate phases and the phase transformation
in the voltage range of 2.0 ~ 4.5 V [164]. Therefore, it is speculated that the presence of
Li in this compound plays a pivotal role in the electrochemical reaction mechanisms.
More in-depth insights into the Li substitution will be discussed later with in situ SXRD
and ex situ NMR in the discussion section. Superior rate performance can be obtained
and illustrated in Figure 6.1 (b). The electrode delivered 105.6 mAh g-1at C/2, 101.5 mAh
g-1 at 1C, 84.9 mAh g-1 at 2C, corresponding to 72% of the theoretical capacity, and 70.8
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mAh g-1 at 5C, 60% of the theoretical value. In the practical batteries, high loading level
of the electrodes is definitely required to guarantee high specific energy density [167169]. From this point of view, it is worth to point out that the loading level for all the
electrodes which have been electrochemically tested in this work is around 7 mg cm-2.

7.3.2. Structural characterization by neutron diffraction and NMR
The structural properties including supperlattice and Li-ions sites of assynthesized Na0.8[Li0.12Ni0.22Mn0.66]O2 were precisely investigated using neutron
diffraction and NMR. Figure 6.2 (a) shows the neutron diffraction patterns along with the
Rietveld refinement, and the enlarged area of 2.0 ~ 2.25 Å, where the supperlattice peaks
were found, is shown as an inset. Since Ni and Mn have similar electron densities, they
cannot be clearly distinguished by X-ray measurements, therefore the superlattice formed
by the ordering of Ni and Mn is difficult to observe. The neutron diffraction, however,
can distinguish those elements since the scattering lengths in natural isotope abundance
are comparatively different: Ni = 10.3 fm, and Mn = -3.73 fm. In order to define the
ordered superlattice of TMs, the “large hexagonal” model (P63) is used to fit the
diffraction patterns [170]. In this model, three different positions for the TMs, which are
(0, 0, 0), (1/3, 2/3, 0) and (1/3, 2/3, 1/2), are present. The refined coordination of all
atoms, and the site occupancies in the large hexagonal model are given in Table 6.1 . The
Miller indices of the peaks that indicate the ordering of the Ni and Mn on the √3a × √3a
superlattice are (020), (021), (121), and (122), which cannot be fit by “small hexagonal”
model (P63/mmc). The expanded plot shown in Figure 6.2 (a) inset indicates that (020)
and (021) peaks can be defined though the intensity fitting is not perfect. Based on the
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full refinement, around 82% of Li-ions is found in Ni site coordinated with 6 Mn-ions
and only 18% of Li-ions is detected in Mn site. Since the ionic radii of Li+ and Ni2+ are
similar, they can be readily mixed during the synthesis procedure, which is also observed
in layered Ni containing Li compounds [157]. As a result of acceptable overlap of the
refined parameters, unphysical values of the Biso and occupancy parameters were difficult
to avoid presumably due to the existence of the supperlattice. To minimize these issues,
some of Biso parameters were constrained and the occupancies for Na-ions were partially
constrained based on the XRD refinement shown in Table 6.2. For the XRD refinement,
the small hexagonal unit cell was used and Li-ions were assumed to be placed in TMs
sites since majority of Li-ions were detected in Ni site by NMR.

7.3.3. Structural evolutions during the charge by in situ synchrotron XRD
The phase evolutions were tracked by in situ SXRD upon the extraction of Naions. In the Figure 6.3 (a), the selected sections of the SXRD patterns are shown together
with the pristine powder on the bottom and the voltage profiles on right. The in situ scan
started from 3.43 V and ended at 4.40 V. Comparing the whole set of in situ patterns with
the pristine powder, all the major reflections corresponding to P2 phase are clearly
maintained demonstrating that no significant phase transformation is happened upon the
charging process. Certain amount of shifts in the peak positions are observed mainly due
to the lattice distortion when Na-ions are extracted. Specifically, (100) peak shifted to the
higher angle, in accordance with the gradual decrease in the a lattice parameter. Since the
a parameter corresponds to TM-TM distances, oxidation of TM upon the charge leads to
slightly shorter distances between TMs. The refined a and c lattice parameters including
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the pristine state are presented in Figure 6.3 (b). On the other hand, it is obvious that the
(004) peak moved to lower angle until it is charged up to 4.05 V. Accordingly, the c
lattice parameter was slowly extended since the increased electrostatic repulsion between
successive oxygen layers caused by the removal of Na-ions [40]. The (004) peak position
exhibited no more remarkable changes once the voltage is above 4.05 V. It is suggested
by the refinement that there is a slight decrease in the c lattice parameter, which can be
ascribed to random oxygen layer shifting rather than the phase transformation once a
large amount of Na-ions are removed from the TMO2 slabs. In the pristine material, Naions occupy trigonal prismatic sites between neighboring oxygen layers. When the part of
Na-ions is extracted during the charging process, the TMO2 slabs glide along the a-b
plane to avoid close oxygen-oxygen contacts. It is worth to note that there are two
possible choices for the sliding directions (Figure 6.3 (c) inset) that arrange the
neighboring oxygen layers in a close-packed configuration. Consequentially, the stacking
faults can be formed because those two choices are selected at random, which do not
have a long-range ordering. The presence of the stacking faults into the P2 phase severely
broadens the (10l) peaks, for instance (104) and (106) [129, 164, 171]. As shown in the
Figure 6.3 (c), the broadening effect by the stacking faults is clarified on the basis of the
simulated XRD patterns utilizing the software CrystalDiffract for Windows 1.4.5 [172,
173] by introducing different ratios of stacking faults into the P2 structure. By increasing
the amount of the stacking faults, the full width half maximum (FWHM) of both (104)
and (106) peaks are clearly broadened, which can also be observed in the experimental
SXRD patterns. Therefore, it is believed that the concentration of the stacking faults in
the structure is progressively increased when the material approaches to the end of
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charging (4.4 V). After one full cycle, the layered P2 structure is completely resumed as
all the peaks are sharp and well defined, close to the pristine state. The reason is that in
the P2 structure, the TM-ions in the TMO2 slabs must align along the c axis to construct
trigonal prismatic sites. When the Na-ions are re-inserted back to the structure, the
stacking faults are eliminated correspondingly to re-build the prismatic sites for Na-ions.

7.3.4. Electronic and local structural changes by XAS
In order to investigate the charge compensation mechanisms, XAS measurements
were conducted at Ni (8333 eV) and Mn K-edges (6539 eV) at different states of charge.
Normalized Ni and Mn K-edge X-ray absorption near edge structure (XANES) spectra
are shown in Figure 6.4 (a). Based on the XANES spectra, it is evident that assynthesized Na0.8[Li0.12Ni0.22Mn0.66]O2 compound predominantly consists of Ni2+ and
Mn4+. The oxidation state varied remarkably in the Ni XANES in accordance with the
states of charge. The Ni K-edge absorption energy of 4.1 V charged electrode shifted to
the higher energy region compared to that of initial state, and shifted further when it was
charged to 4.4 V. The amount of energy shift in 4.4 V charged electrode is ~3 eV, which
is larger than that of Ni2+ to Ni3+ shift (~2 eV) suggesting that oxidation state of Ni after
4.4 V charge is close to Ni4+ [174]. After the discharge to 2.0 V, Ni-ions returned back to
divalent state demonstrating that the Ni redox reaction is completely reversible in Na-ion
cells. In contrast to the Ni XANES, Mn K-edge XANES shows no changes in the valence
state upon the charge and discharge maintaining tetravalent Mn-ions. Based on the Ni and
Mn XANES, it is proved that Ni is the only electrochemically active species and Mn
maintains the structural stability in the absence of Jahn-Teller active Mn3+. Based on the
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reversible capacity shown in Figure 6.1 (a), 0.44 moles of Na-ions per 1 formula unit
migrate upon the cycling delivering 118 mAh g-1 of capacity. This means that the
Ni2+/Ni4+ redox is fully utilized to compensate the charge balance considering that Mn
does not change the valence state.
The extended X-ray absorption fine structure (EXAFS) spectra during the Na-ions
extraction and insertion were further analyzed. The changes in the radial distributions
around Ni and Mn at the different states of charge are shown in Figure 6.4 (b). Ni
EXAFS clearly shows that the interatomic distance of Ni−O around 1.5 Å is shortened as
a function of the charge due to the oxidation of Ni-ions. The Ni−O distance resumed back
to initial distance after the discharge, which are in a good agreement with the XANES
results. On the other hand, consistent with XANES, Mn EXAFS does not show any
changes in the Mn−O interatomic distance. This charge compensation mechanisms
possibly contribute to excellent cycling properties of Na0.8[Li0.12Ni0.22Mn0.66]O2 in the
voltage range of 2.0 ~ 4.4 V.

7.4. Discussion
7.4.1. The critical role of Li substitution in Na0.8[Li0.12Ni0.22Mn0.66]O2
The substituted Li sites in as-synthesized Na0.8[Li0.12Ni0.22Mn0.66]O2 were
confirmed by both NMR and neutron diffraction. Though a slight amount of octahedrally
coordinated Li is found presumably caused by some O-type defects, most of Li is placed
in the TM layer due to the fact that the prismatic Na site is too large to stabilize much
smaller Li-ions. As expected, the Ni site, surrounded by 6 Mn-ions, is preferred than Mn
site since the ionic radii of Ni2+ and Li+ is very close. As opposed to Li-free P2 cathodes,
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single smooth voltage curves are obtained rather than step-like profiles suggesting no
significant structural changes during the electrochemical cycling. The stacking faults are
evidenced by in situ SXRD upon the charging process instead of the P2-O2 phase
transformation. These stacking faults can also be confirmed by ex situ NMR since large
amount of substituted Li in the TM layer are migrated into the octahedral sites at the fully
charged state indicating that O2-like stacking faults are formed upon the charging.
In order to reveal the exact role of Li substitution in the TM layer, the constant
current constant voltage (CCCV) charging was applied to pull all the Na-ions out (0.80
moles of Na-ions per formula) below 4.4 V so as not to decompose the electrolyte. After
all the Na-ions are extracted from the structure, the O2 phase is distinctly observed in the
ex situ XRD, demonstrating that the P2–O2 phase transformation is delayed instead of
being completely prevented. In other words, the O2 phase is formed inevitably once all
the Na-ions are removed from the P2 phase. Therefore, the underlying Li substitution
effects on the phase transformation can be concluded as follows: Li-ions prefer to sit in
the octahedrally coordinated Ni sites, while concurrently, lower valence state of Li-ions
(monovalent) than that of Ni (divalent) allows more amounts of Na-ions to be inserted in
as-synthesized material to maintain the overall charge balance of the compound. As a
consequence, the quantity of Na-ions left in the prismatic sites after the 4.4 V charging,
approximately 0.36 moles, are enough to suppress the O2 phase transformation. Though
the substituted Li is migrated into the O2-type stacking faulted sites during the high
voltage charging, the amount of Li in the TM layer in the cycled electrode is preserved
suggesting that the migration of Li between O2 to TM layers is completely reversible.
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This exceptional reversibility of Li migration possibly results in excellent capacity
retention along with single smooth voltage curves throughout the whole cycling process.

7.4.2. Materials design principles and Na0.83[Li0.07Ni0.31Mn0.62]O2
In order to achieve both high energy density and structural stability, the
stoichiometry of Li substituted P2 type cathodes can be further optimized. Based on
above discussion regarding crystallographic and electronic structural changes upon the
cycling, several pivotal conditions need to be considered simultaneously. Here we
propose the design principles to obtain higher energy density cathode materials within the
stoichiometry of Nax[LiyNizMn1-y-z]O2 (0 < x, y, z < 1). First, increased Na-ions
concentration in the structure is required to deliver higher energy density and maintain
the P2 phase after the end of charge state. On the other hand, it is also worth to note that
the Na concentration in the as-synthesized material cannot be higher than 0.9 per formula
unit to prevent the simultaneous occupancy in the nearest neighboring Na sites, which are
extremely unfavorable in P2 structure [38, 175, 176]. Second, higher portion of the Niions in the TM layer are essential to provide enough electrons at high voltage region by
the redox reaction of Ni2+/Ni4+. However, the ratio between Ni and Mn significantly
affect the phase of the final product during the synthesis. The highest ratio we can
achieve is 1:2, and other layered phase will form when the ratio is higher than that. In
addition, the overall charge balance of the formula of the compound has to be taken into
account. The detailed relations among x, y, and z in the stoichiometry of Nax[LiyNizMn1y-z]O2

is given by
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x + y + 2 × z + 4 × (1 - y - z) = 2 × 2

(eq. 6.1)

x ≤ 0.9

(eq. 6.2)

1 - y - z = 2 ×z

(eq. 6.3)

0 < x, y, z < 1

(eq. 6.4)

By considering all of the conditions, we propose the optimum composition in
which x = 3 - 7z, y = 1 - 3z, and 0.3 ≤ z < 0.33. At last, the novel composition,
Na0.83[Li0.07Ni0.31Mn0.62]O2, is prepared, which can deliver 140 mAh g-1 of reversible
capacity in the voltage range of 2.0 ~ 4.4 V (Figure 5). As expected, no significant phase
transformation was observed upon the cycling except for a small bump shown repeatedly
at high voltage region. Such a slight slope change in the voltage profiles may be resulted
from the intermediate phases formed by Na-ion orderings. In-depth study on the Na-ion
ordering phenomena in this family of materials is currently in progress.

7.5. Conclusions
To sum up, in-depth insights on the relations between the structures and
electrochemical performances are required to improve the performances of Na-ion
batteries. In this work, one type of promising Na cathode materials, P2Na0.8[Li0.12Ni0.22Mn0.66]O2, is comprehensively studied utilizing neutron diffraction,
NMR, in situ SXRD and XAS techniques. Most of the substituted Li are placed in the
TM sites specifically in Ni site, which are confirmed by both neutron diffraction and
NMR. Enhanced electrochemical properties including cycling and rate capability with
single smooth voltage profiles are achieved in Na-ion batteries. In contrast with most of
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the reported P2-type cathodes, the in situ SXRD proves that the phase transformation of
P2-O2 is inhibited even when it is charged up to 4.4 V. On the other hand, the P2 to O2
phase change is clearly observed when all the Na-ions are extracted from the structure by
CCCV charging. Based on all the observations, the Li substitution in the TM layer
enables to leave enough amount of Na-ions (0.36 moles) in the structure until 4.4 V
charged state maintaining the P2 phase. Most amounts of the substituted Li are preserved
in the TM layer after the discharge though they migrate into the stacking faulted O2 sites
during the charging process. The XAS results explain that Ni2+/Ni4+ are the only active
redox

upon

the

whole

cycling.

Finally,

an

optimized

novel

compound,

Na0.83[Li0.07Ni0.31Mn0.62]O2, is proposed on the basis of the design principles, which will
open new perspectives in further exploration of high energy Na-ion batteries.
Chapter 7, in full, is currently being prepared for submission for publication of the
material “Identifying the Critical Role of Li Substitution in P2–Nax[LiyNizMn1-y-z]O2 (0 <
x, y, z < 1) Intercalation Cathode Materials for High Energy Na-ion Batteries”. The
dissertation author was the co-primary investigator and author of this paper. The author
conducted neutron diffraction and XAS experiment and corresponding writing.

125
(a)

+

Voltage (V vs. Na/Na )

4

3

1st
2nd
3rd
30th
50th

2

1
0

20

40

60

80

100

120
-1

Specific capacity (mAh g )

(b)

Figure 7.1 (a) The electrochemical profiles for Na0.80[Li0.12Ni0.22Mn0.66]O2 at the 1st, 2nd,
3rd, 30th and 50th cycle, and (b) the rate capability at different current densities from C/10
to 5C
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Figure 7.2 (a) Neutron diffraction patterns including extended view of supperlattice
region (inset), and (b) NMR spectra of as-synthesized P2-Na0.8[Li0.12Ni0.22Mn0.66]O2
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Figure 7.3 (a) In situ SXRD for Na0.80[Li0.12Ni0.22Mn0.66]O2 during the 1st charge. (*
indicates the Al current collector in the electrode), (b) changes in the a and c lattice
parameters upon the 1st charge by the refinement. The solid markers represent the pristine
state, and (c) simulated XRD patterns with different percentage of stacking faults by
CrystalDiffact software
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Figure 7.5 The electrochemical profiles for Na0.83[Li0.07Ni0.31Mn0.62]O2 in the voltage
range of 2.0 ~ 4.4 V at the 1st, 3rd, and 5th cycle
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Figure 7.6 Ex situ XRD patterns of fully charged Na0.8[Li0.12Ni0.22Mn0.66]O2 electrode by
CCCV charging. XRD patterns of the O2 phase including hydrated phase were shown for
the comparison
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Figure 7.7 SEM image of as-synthesized P2-Na0.8[Li0.12Ni0.22Mn0.66]O2 powder

131

Table 7.1 Parameters and reliability factors obtained by the Rietveld refinement of
neutron diffraction for as-synthesized P2-Na0.8[Li0.12Ni0.22Mn0.66]O2
P2-Na0.8[Li0.12Ni0.22Mn0.66]O2
Space group: P63 (large hexagonal)
Atom

Site

x

y

z

occ

Mn (1)

2a

0

0

0

0.935

Li (1)

2a

0

0

0

0.065

Ni

2b

1/3

2/3

0

0.660

Li (2)

2b

1/3

2/3

0

0.295

Mn (2)

2b

1/3

2/3

0

0.045

Mn (3)

2b

1/3

2/3

1/2

1.000

O (1)

6c

2/3

0

-0.418

3.000

O (2)

6c

0

0

0.395

3.000

Naf (1)

2a

0

0

1/4

0.300

Nae (2)

6c

1/3

0

1/4

1.500

Naf (3)

2b

1/3

2/3

1/4

0.300

Naf (4)

2b

2/3

1/3

1/4

0.300

a = b = 4.996 Å, c = 11.040 Å
Rwp = 8.6%, RB = 10.1%
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Table 7.2 Parameters and reliability factors obtained by the Rietveld refinement of X-ray
diffraction for as-synthesized P2-Na0.8[Li0.12Ni0.22Mn0.66]O2
P2-Na0.8[Li0.12Ni0.22Mn0.66]O2
Space group: P63/mmc
Atom

Site

x

y

z

Occ.

Ni

2a

0

0

0

0.22

Mn

2a

0

0

0

0.66

Li

2a

0

0

0

0.12

O

4f

1/3

2/3

0.0784

2.00

Naf

2b

0

0

0.25

0.27

Nae

2d

1/3

2/3

0.75

0.45

a = b = 2.885(2) Å, c = 11.016(2) Å
Rwp = 2.74%, RB = 8.01%

Chapter 8. Summary

8.1. NiF2 based conversion materials for Li-ion battery
In this study, the conversion reaction mechanisms of the NiF2, NiO-NiF2 NiONiF2/C have been investigated using XRD, SQUID, XAS, PDF and electrochemical
characterization. The NiO-NiF2/C electrode showed significantly improved reversible
conversion reaction over pure NiF2 and NiO-NiF2 due to enhanced electronic
conductivity. The superparamagnetic nanosized-Ni particles were formed as a result of
the 1st discharge in pristine NiF2 and NiO-doped NiF2, respectively. Magnetic
measurements revealed that larger Ni particles were formed by the conversion reaction in
NiO-doped NiF2. After the 2nd discharge, the size of Ni particles was even smaller than
the one produced by the 1st discharge. It is also observed by EXAFS that the average size
of Ni NPs was diminished after the 2nd discharge in pure NiF2 electrode. The PDF
analysis indicated that a bimodal size distribution of Ni NPs was found in both NiF2 and
NiO-NiF2/C electrodes after the 1st discharge. However, only smaller NPs are remained
for pure NiF2 after the 2nd discharge. This may be ascribed to poor electronic conductivity
on the surface of the NiF2 originated from large amount of SEI layer formed upon the 1st
discharge. In contrast, a bimodal size distribution was maintained for the NiO-NiF2/C
since the NiO doping and the carbon layer on the surface possibly provide enough
electronic conductivity to initialize the conversion reaction from the surface. Based on indepth insights into the conversion mechanisms of NiF2 and NiO-NiF2/C, we infer that the
size changes in Ni NPs for the 1st and 2nd cycles are significantly influenced by the
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electronic conductivity; consequently have a strong correlation to the cyclability of the
batteries. We also suggest that the cycling properties can be further improved by utilizing
CMC binder system.

8.2. P2 type layered cathodes for Na-ion battery
In summary, P2-Na2/3[Ni1/3Mn2/3]O2 with excellent cycling property and high rate
capability was prepared as a cathode material for Na-ion batteries. The phase
transformation from P2 to O2 was investigated by first principles calculation and
confirmed by XRD. The specific Na-ions orderings were found at Na = 1/3 and 1/2,
which are corresponding to the voltage steps in the charging profile. Based on both GITT
measurement and NEB calculation, the diffusivity of Na-ions in P2 structure is indeed
higher than that in the corresponding O3 structured Li compounds. Consequently, it was
demonstrated that the capacity retention of 95% after 50 cycles could be obtained by
excluding the P2 / O2 phase transformation. In addition, advanced Na cathode materials,
P2-Na0.8[Li0.12Ni0.22Mn0.66]O2, is comprehensively studied utilizing neutron diffraction,
NMR, in situ SXRD and XAS techniques. Most of the substituted Li are placed in the
TM sites specifically in Ni site, which are confirmed by both neutron diffraction and
NMR. Enhanced electrochemical properties with single smooth voltage profiles are
achieved in Na-ion batteries. In situ SXRD proves that the phase transformation of P2 /
O2 is inhibited even when it is charged up to 4.4 V. Based on the observations, the Li
substitution in the TM layer enables to leave enough amount of Na-ions (0.36 moles) in
the structure until 4.4 V charged state maintaining the P2 phase. Finally, an optimized
novel compound, Na0.83[Li0.07Ni0.31Mn0.62]O2, is proposed on the basis of the design
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principles, which will open new perspectives in further exploration of high energy Na-ion
batteries. Furthermore, a simple synthesis method can be used to prepare this material
without any special nano-scale fabrication. This study demonstrates that P2 type
materials are strong candidates for the cathodes in Na-ion batteries for large-scale energy
storage.

Chapter 9. Concluding remarks and future work

9.1. Concluding remarks
Li-ion batteries have ruled the secondary battery market for last two decades due
to their superior energy and power density. However, their development has progressed
much slower than the other area of electronics. In respect to cathodes, the
commercialized cathode materials exhibit issues still to be resolved including overcoming
their intrinsic limitations in energy density. As long as the intercalation based cathodes
are employed, the specific capacity is limited due to restricted sites for Li-ions in the
structure. So-called Li-excess layered materials such as Li[NixLi1/3-2x/3Mn2/3-x/3]O2, that
deliver around 200 mAh/g of capacity, can solve the energy density issues for a short
period of time, however, it is essential to develop a completely new class of materials for
the long term solution. In this sense, conversion based materials have drawn significant
attention since they were discovered by Poizot et al. in 2000. This type of materials
deliver 2 ~ 6 times of specific capacity than that of the intercalation based materials,
which is enough to be considered as a revolution in the battery field. After more than 10
years of extensive studies, however, large voltage hysteresis between discharge and
charge has emerged as the most critical drawback as this causes considerable energy
inefficiency. Though a tremendous amount of effort has been devoted to resolve this
problem, the origin and resolution of the hysteresis are still far from our understanding.
Unless this issue is completely solved, the conversion based materials may not be
commercialized in the secondary battery market.
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In addition to the conversion materials, several candidates that possess
intrinsically higher energy density are being explored by battery researchers. The Li-air
battery system has been intensively studied as a next generation energy storage device
(see Figure 9.1). Air electrodes and metal–air battery technologies have already been
used in primary systems such as fuel cells, but the use of Li instead of zinc as the metal
will increase the energy output eightfold. An oxygen electrode proceeding in tandem with
Li according to the reaction 2Li + O2 → Li2O2 can deliver a capacity of 1,200 mAh g-1.
Though there are several candidates for future cathode materials, we still
completely rely on the intercalation-based compounds for commercial products since
most of the candidates are far from practical use, largely due to their long-term reliability.
A major breakthrough beyond intercalation materials is an urgent need for the current
cathode materials for Li-ion batteries.
An alternative to Li chemistry should also be taken into account since the Li
source has issues in terms of the cost and availability. Na chemistry has emerged as a
strong candidate to replace Li due to the fact that Na sources are inexhaustible and cheap.
Na chemistry has an intrinsic drawback in its energy density, however, since the
reduction potential of Na/Na+ is higher than that of Li/Li+ by ~ 0.3 V. In the past, Na-ion
batteries have exhibited many limitations that restrict their electrochemical performances.
The phase transformation of the cathodes upon the insertion and extraction of Na-ions
has limited the range of cyclable capacity. Instability of Na salt-containing electrolytes
has also confined the available voltage window. However, after 2 ~ 3 years of extensive
studies, the phase transformation has been controlled by substituting Li-ions and the
stability of the electrolyte has been enhanced by adding additives such as fluorinated
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ethylene carbonate (FEC). As a consequence, some P2 structured cathode compounds
have reached an energy density as high as Li compounds making the Na-ion battery a
plausible alternative to the Li-ion battery. However, more work still needs to be done to
develop the other structured cathodes such as O3 phase compounds. Since O3 materials
show a series of phase transformations upon charge and discharge, usable voltage range
is significantly restricted. If the phase change is controlled in O3 type materials by Li-ion
substitution, they will also be a strong candidate as the cathode for Na-ion batteries.
The Na anode materials must not be overlooked since graphite-based anode
materials cannot be employed as a large Na-ion receiver. Alloying materials such as Sb
and SnSb have demonstrated acceptable cycling and safety. Recently, intercalation-based
Na2Ti3O7 was identified to exhibit surprisingly low potential vs. Na (see Figure 9.2),
which can be used to form a high power Na-ion battery. Various approaches such as
using a novel binder and electrolyte additives are being conducted to enhance the cycling
performances.
From the application perspective, large-scale energy storage devices will be an
appropriate application since reliability is more of a requirement than energy/power
density. Na-ion batteries seem difficult to be utilized as a power sources for vehicles or
power tools due to their lower power density relative to Li-ion battery.
Commercialization of Na-ion batteries will provide us with cheaper and reliable energy
storage as well as reduce the pressure on exhausting Li sources.
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Figure 9.1 Left, the mechanism used in lithium–air batteries. Right, three-dimensional
nanoarchitectured electrodes made from depositing 10- to 20-nm-thick layers of MnO2
onto a carbon foam using a low-temperature process that could be used to enhance the
kinetics of the lithium–air electrode [14]

Figure 9.2 Voltage versus composition profile for the electrochemical reduction of a
blank electrode containing only carbon black and a composite electrode containing
Na2Ti3O7 and 30% carbon black [163]
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9.2. Future work
9.2.1. O3 type cathode materials for high energy Na-ion battery
Besides P2 type cathode materials, O3 type Na[LixNiyMn1-x-y]O2, (0 < x, y < 1)
can be prepared. The P2 - Na0.80[Li0.12Ni0.22Mn0.66]O2 has been successfully acquired and
the single slope in the electrochemical profile indicates that the phase transformation
resulted from the layer shifting might be effectively controlled. To further investigate the
contribution of the Li substitution to the phase transformation, O3 - Na[LixNiyMn1-x-y]O2
will be prepared to characterize the structural changes upon the electrochemical cycling.
Although the continuous phase transformations have been observed in O3 Na[Ni1/2Mn1/2]O2 due to the TM slabs shift, it is expected that the Li substituted
compound, O3 - Na[LixNiyMn1-x-y]O2, can stabilize the O3 phase in a relatively large Na
concentration range. By conducting this, higher energy density and structurally stable Na
intercalating cathode material can be obtained.

9.2.2. Robust anode materials for Na-ion battery
A study by Palacín et al. demonstrated that the layered oxide Na2Ti3O7 could
reversibly exchange Na-ions in the Na cells with the lowest voltage ever reported for
oxide insertion electrode [177]. More recently, the same compound was studied by
Balaya et al., and their Na-ion battery exhibited 100 mAh/g of specific capacity with
acceptable cycling properties up to 90 cycles [162]. However, the working mechanism
for such a low voltage oxide material is still unknown. In addition, the structure of the
end member phase after fully discharge is not clearly identified and explained.
Considering that the Ti3+/Ti4+ redox reaction in Li4Ti5O12 is happened at 1.5 V [178] in
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the lithium ion batteries, it is quite intriguing that the same redox demonstrates just 0.3 V
voltage plateau in Na4Ti3O7 as anode materials in the Na-ion batteries.
The working mechanisms of this material can be investigated using both
computational and experimental techniques. Since Ti3+ is readily oxidized, in situ setup
will be more appropriate for this material. The charge compensation mechanism of redox
couple can be studied by in situ XAS. In situ XRD can track the structural evolution upon
the charge and discharge and identify the end structure. Various electrochemical
characterization techniques such as GITT and EIS can be utilized to study diffusion
behavior of Na-ions in this structure.
For the performance prospective, Na2Ti3O7 is an electronically insulating material.
The electrochemical properties can be enhanced by improving the conductivity of the
material itself. It is expected that conductive coating on the surface and particle size
reduction will enhance the battery performances significantly.
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