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ABSTRACT: Dynamic structural changes during the ﬁrst electrochemical charge and
discharge cycle in the Li-excess layered oxide compound, Li[Li1/5Ni1/5Mn3/5]O2, are
studied with synchrotron X-ray diﬀraction (SXRD), aberration corrected scanning
transmission electron microscopy (a-S/TEM), and electron energy loss spectroscopy
(EELS). At diﬀerent states of charge, we carefully examined the crystal structures and
electronic structures within the bulk and have found that increased microstrain is
accompanied with the cation migration and a second phase formation which occurs
during the ﬁrst cycle voltage plateau as well as into the beginning of the discharge cycle.
The evidence indicates that the oxygen vacancy formation and activation may facilitate
cation migration and results in the formation of a second phase. The EELS results reveal
a Mn valence change from 4+ to 3+ upon oxygen vacancy formation and recovers back
to 4+ at the discharge. The oxygen vacancy formation and activation at the partially
delithiated state leads to the generation of several crystal defects which are observed in
TEM. Identiﬁcation of the correlation between microstrain and oxygen vacancy formation during the ﬁrst electrochemical cycle
clariﬁes the complex intercalation mechanisms that accounts for the anomalous capacities exceeding 200 mAh/g in the Li-excess
layered oxide compounds.
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1. INTRODUCTION

been previously identiﬁed that the lithium chemical diﬀusion
coeﬃcient is signiﬁcantly lower at the plateau region.11
Recently Li et al. reported that the capacity originating from
the high voltage plateau is strongly dependent on the charging
current indicating slow kinetics.12
Considerable research has been devoted to address the
irreversible capacity losses as well as the poor rate capability by
understanding the mechanisms associated with the ﬁrst
electrochemical charge/discharge cycle. Researchers have
proposed simultaneous Li+ and O2− diﬀusion creating oxygen
vacancies and surface transition metal migration.7,8,13−15 These
structural rearrangements are believed to happen mainly during
the ﬁrst electrochemical cycle since the voltage plateau does not
appear in subsequent cycles. For oxygen diﬀusion to occur,
oxygen must overcome the activation energy barrier, a process
that has been widely studied in ionic conductors such as solid
oxide fuel cell electrolytes.16−20 The diﬀusion mechanism can
be explained by interstitialcy, interstitials, and vacancy

Rechargeable lithium ion batteries are a potential candidate for
the use as the primary onboard storage technology in plug-in
hybrid electric vehicles (PHEVs) or electric vehicles (EVs).
Speciﬁcally, the layered lithium-excess transition metal oxides,
Li[NixLi1/3−2x/3Mn2/3−x/3]O2 (0 < x < 1/2), are of great interest
as a new generation of positive electrode materials since they
deliver higher reversible capacity exceeding 250 mAh/g at a
lower cost compared with both LiCoO2 and LiNiO2 based
materials.1 The structure of the Li[NixLi1/3−2x/3Mn2/3−x/3]O2
system is controversial and has been identiﬁed as a solid
solution or as a two phase mixture of the two end members,
Li2MnO3 and Li[Ni1/2Mn1/2]O2.2,3 The structure diﬀers from
conventional layered transition metal oxides because the excess
lithium is positioned in the transition metal layer and the excess
Li+ ions form an ordered pattern with the transition metal
(TM) ions in the TM layer.4,5 Previous research has identiﬁed
that the initial capacity, during the sloping region up to 4.40 V,
originates from the oxidation of Ni2+ to Ni4+.6,7 At 4.45 V, a
voltage plateau region appears which drastically improves the
capacity; however, it is associated with a large irreversible
capacity on the ﬁrst discharge of 40 to 100 mAh/g.8−10 It has
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same Argon ﬁlled glovebox using lithium metal ribbon as an anode and
a 1 M LiPF6 in a 1:1 ethylene carbonate/dimethyl carbonate
(EC:DMC) electrolyte solution (Novolyte). Celgard model C480
separators (Celgard Inc., USA) were used as the separator.
The intermittently cycled samples were recovered by disassembling
cycled batteries in the same argon-ﬁlled glovebox. The cathode was
washed by submerging in acetonitrile 3 times and then allowed to dry
in argon atmosphere overnight. For TEM samples, the powders were
suspended on a copper grid with lacey carbon. The approximate time
of sample exposed to air (from a sealed environment to the
microscope column) is less than 5 s.
Structural Characterization. Synchrotron X-ray Diﬀraction.
Powder X-ray diﬀraction patterns were taken using synchrotron Xray diﬀraction at the Advanced Photon Source (APS) at Argonne
National Laboratory (ANL) on beamline 11-BM (E = 30 keV, λ =
0.413225 Å). All samples were hermetically sealed in 1.0 mm Kapton
capillary to minimize air exposure. The beamline uses a sagittally
focused X-ray beam with a high precision diﬀractometer circle and
perfect Si(111) crystal analyzer detection for high sensitivity and
resolution. Instrumental resolution at high Q is better than ΔQ/Q ≈ 2
× 10−4, with a typical 2θ step size of 0.001° at 30 keV. XRD data
analysis was carried out by Rietveld reﬁnement methods using FullProf
and GSAS/EXPGUI software.28−30 Crystal structure reﬁnement
parameters included 2θ, zero oﬀset, intensity, scale factor, lattice
parameters, isotropic atomic positions, atomic displacement parameters, and cation site occupancies. The reﬁnements led to superior
convergence factors when reﬁned using the Thompson, Cox, and
Hastings pseudo-Voigt function31 with axial divergence symmetry
described by the Finger, Cox, and Jephcoat model.32
a-STEM/EELS. Electron microscopy work was carried out on a Cscorrected FEI Titan 80/300-kV TEM/STEM microscope equipped
with a Gatan Image Filter Quantum-865. All STEM images and EELS
spectra were acquired at 300 KV and with a beam size of ∼0.7 Å. EELS
spectra shown in this work were acquired from a square area of ∼0.5 ×
0.5 nm with an acquisition time of 3 s and a collection angle of 35
mrad. HAADF images were obtained with a convergence angle of 30
mrad and a large inner collection angle of 65 mrad. Images acquired by
an HAADF detector with a small convergence angle and a relatively
large inner collection angle are also called “Z-contrast” images, where
the contrast is proportional to Z1.7.33,34 Atomic resolution Z-contrast
images can be used to diﬀerentiate elements and provide atomic−
structural information based on the contrast of the atomic columns.
To minimize possible electron beam irradiation eﬀects, EELS and
HAADF ﬁgures presented in this work were acquired from areas
without prebeam irradiation. Mn L3 to L2 intensity ratio analysis was
done by averaging over 8 to 12 spectra using the method described by
Wang et al.35

mechanisms depending on point defects in the system. The
introduction of strain at or near interfaces has a powerful eﬀect
on the ionic diﬀusion properties of ceramics;21,22 however, the
relation of lattice strain and ionic transport in the lithium excess
layered oxides is not well understood. Lattice strains ﬁrst
elastically stretch the cation−oxygen bond, eﬀectively weakening the bond and decreasing the migration barrier leading to
exponential increases in oxygen diﬀusivity.16,17,23,24 During
electrochemical cycling of the layered lithium-excess series of
materials, signiﬁcant cationic rearrangement occurs. It has also
been shown that following electrochemical cycling the
superlattice peaks disappear indicating a loss of Li/Mn
honeycomb-type ordering.7,15,25 During electrochemical cycling, the material shows volume expansion and signiﬁcant
shifts in the c/a lattice ratio.8,11,15,26 At the surface of the
material, changes in TM oxidation state and local environments
as well as possible material loss have been reported.5,9,14,26
Recent research shows the formation of a defect-like spinel
phase that may contribute to the ﬁrst cycle irreversible capacity
and poor rate capability. 26,27 We hypothesize that a
combination of these changes during the electrochemical
cycling provides the defect sites that enable oxygen mobility
at ambient temperature.
It is crucial to understand how defects are generated and to
quantify the microstrain associated with these defects. In this
work, we carried out a detailed study using synchrotron X-ray
diﬀraction (SXRD), aberration corrected scanning transmission
electron microscopy (a/STEM), and electron energy loss
spectroscopy (EELS) combined with electrochemical testing on
Li[Li1/5Ni1/5Mn3/5]O2 compounds during the ﬁrst electrochemical cycle at diﬀerent states of charge to identify the
structural changes. Our research ﬁndings provide new insights
into the complex intercalation mechanisms and how they
inﬂuence dynamic structural changes in the Li-excess layered
oxide compound, Li[Li1/5Ni1/5Mn3/5]O2, during the ﬁrst
electrochemical charge and discharge cycle.

2. EXPERIMENTAL SECTION
Synthesis. A coprecipitation technique was used for the synthesis
of the materials which was previously described.11 Transition metal
nitrates, Ni(NO3)2·6H2O(Fisher) and Mn(NO3)2·4H2O (Fisher),
were titrated into a stoichiometric LiOH·H2O(Fisher) solution for a
duration of two hours. The coprecipitated transition metal hydroxides
were then ﬁltered using a vacuum ﬁlter and washed three times with
deionized water. The collected transition metal hydroxides were dried
in an oven at 180 °C for 10 h in air. The dried transition metal
precursors were mixed with a stoichiometric amount of LiOH·H2O
corresponding to the amount of M(OH)2 from the coprecipitation
step. This mixture was ground for 30 min to ensure adequate mixing
and then placed into a furnace at 480 °C for 12 h. The precalcinated
powders were prepared as a pellet for high temperature sintering.
These samples were then calcinated at 1000 °C for 12 h in air. Samples
were brought back to room temperature by furnace cooling.
Electrochemistry. Electrochemical properties were measured on
an Arbin battery cycler in galvanostatic mode between 4.8 and 2.0 V.
Cathodes were prepared by mixing the active material Li[Li1/5Ni1/5Mn3/5]O2 with 10 wt % Super P carbon (TIMCAL) and
10 wt % poly(vinylidene ﬂuoride) (PVDF) in N-methylpyrrolidone
(NMP) solution. The slurry was cast onto an Al foil using a doctor
blade and dried in a vacuum oven overnight at 80 °C. The electrode
discs were punched and dried again at 80 °C for 6 h before storing
them in an argon ﬁlled glovebox (H2O level < 1 ppm). 2016 type coin
cells were used to electrochemically cycle Li[Li1/5Ni1/5Mn3/5]O2 to
diﬀerent states of charge during the ﬁrst electrochemical cycle seen in
Supporting Information Figure S1. The batteries were prepared in the

3. RESULTS
Electrochemical measurements of Li[Li1/5Ni1/5Mn3/5]O2 electrodes were performed in lithium half-cells. Figure S1
(Supporting Information) displays the ﬁrst electrochemical
charge/discharge curves between 4.8 and 2.0 V (at a rate of 10
mA/g) for the Li[Li1/5Ni1/5Mn3/5]O2 electrode. The lettered
points along the curves indicate states of charge, which were
prepared for the various characterization techniques. Supporting Information Table S2 indicates the voltages, capacities and
corresponding Li remaining in the material assuming all of the
electrochemical capacity corresponds to Li+ removal from or
insertion into the material.
3.1. Synchrotron X-ray Diﬀraction. High resolution
synchrotron X-ray diﬀraction was analyzed for detailed crystal
structure evolution during the ﬁrst electrochemical cycle for the
Li[Ni1/5Li1/5Mn3/5]O2 electrode material (Figure 1). The
detailed ﬁtting plots and reﬁnement results are in Figure S3
and Table 1. Table 2 compares the Rietveld reliability factors
for diﬀerent states of charge for respective models.
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Table 1. Rietveld Reﬁnement Results for
Li[Li1/5Ni1/5Mn3/5]O2 at Diﬀerent States of Charge during
the First Electrochemical Cycling Using One or Two
Independent R3̅m Phases
Charging
pristine

B

C

Figure 1. Synchrotron X-ray diﬀraction (XRD) patterns collected
from diﬀerent states of charge during the ﬁrst electrochemical charge/
discharge cycle.

D

The X-ray diﬀraction pattern of the pristine material (A in
Figure S1) was reproduced from ref 27.26 Rietveld reﬁnement
of the pristine material indicates the typical well-layered phase
with 3% Li/Ni mixing. After charging the material to 4.40 V,
during the sloping region where Ni2+ is oxidized to Ni4+ during
Li extraction, it is clear from XRD that the superlattice peaks
remain visible and the transition metal ordering remains intact,
as was previously shown from literature.8 Rietveld reﬁnement at
this position (B in Figure S1) conﬁrms that the material
maintains the well-layered phase while the amount of Li/Ni
mixing decreases slightly. The a lattice parameter decreases by
0.0089 Å while the c lattice parameter increases by 0.032 Å
from the pristine material (Table 2). This trend is consistent
with the oxidation of Ni2+ to Ni4+, during which the ionic radius
decreases from 0.69 Å to 0.48 Å inducing a contraction in the
overall lattice.36 The reﬁnement also conﬁrms that the material
remains a single layered phase with no obvious phase
transformations occurring during the sloping region (comparison shown in Table 2).
After the sloping region (4.45 V, C in Figure S1), Rietveld
reﬁnement supports a single layered phase. The addition of
tetrahedral Li+ to the single phase model improved the Rietveld
reliability factors Rb and Rwp to 10.73 and 4.93. In addition, the
amount of Li/Ni mixing continues to decrease while the a and c
lattice parameters continue to decrease and increase,
respectively. This indicates that slightly after the sloping region,
Ni2+ is still being oxidized to Ni4+, which is also conﬁrmed by
X-ray absorption spectroscopy (XAS) results (Figure S4).
Rietveld reﬁnement results of the XRD pattern cycled to this
point provides the ﬁrst evidence of tetrahedral Li+ formation.
This result is consistent with our previous ﬁndings that
tetrahedral Li+ ions are more energetically favorable to form in
the middle of the ﬁrst charge cycle.26

E

G

H
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a = 2.8608(2)
c = 14.2584(1)
c/a = 4.989
z(O) = 0.257(2)
N_Ni (in Li layer) = 0.033(1)
Rwp = 11.18; Rb = 6.35
a = 2.8519(1)
c = 14.2902(1)
c/a = 5.011
z(O) = 0.259(2)
n_Ni (in Li layer) = 0.018(1)
Rwp = 9.67; Rb = 4.20
a = 2.8516(3)
c = 14.2995(1)
c/a = 5.014
z(O) = 0.259(2)
n_Ni (in Li layer) = 0.015(1)
n_Li (in tetrahedral site) = 0.108(2)
Rwp = 10.73; Rb = 4.93
Phase 1:
Phase 2:
a = 2.8540(1)
a = 2.8519(2)
c = 14.3456(2)
c = 14.3166(1)
c/a = 5.026
c/a = 5.020
z(O) = 0.259(1)
z(O) = 0.260
n_Ni (in Li layer) =
n_Ni (in Li layer) = 0.062(1)
0.041(1)
Phase Fraction: 56%
n_Li (in tetrahedral site) =
0.115(1)
Rwp = 7.61; Rb = 3.40
Phase 1:
Phase 2:
a = 2.8595(2)
a = 2.8478(2)
c = 14.3620(1)
c = 14.3203(1)
c/a = 5.023
c/a = 5.028
z(O) = 0.260(1)
z(O) = 0.256(2)
n_Ni (in Li layer) =
n_Ni (in Li layer) = 0.071(1)
0.050(1)
Phase Fraction: 57%
n_Li (in tetrahedral site) =
0.099(1)
Rwp = 8.65; Rb = 4.19
Discharging

Phase 1:
Phase 2:
a = 2.8687(2)
a = 2.8655(1)
c = 14.3626(2)
c = 14.3364(1)
c/a = 5.007
c/a = 5.003
z(O) = 0.261(1)
z(O) = 0.258(1)
n_Ni (in Li layer) = 0.059(1) n_Ni (in Li layer) = 0.070(2)
Phase Fraction: 53.3%
n_Li (in tetrahedral site) = 0.087(1)
Rwp = 7.34; Rb = 4.03
Phase 1:
Phase 2:
a = 2.8676(1)
a = 2.8689(2)
c = 14.3218(1)
c = 14.3059(1)
c/a = 4.994
c/a = 4.987
z(O) = 0.258(1)
z(O) = 0.258(1)
n_Ni (in Li layer) = 0.021(1) n_Ni (in Li layer) = 0.047(1)
Phase Fraction: 49.5%
n_Li (in tetrahedral site) = 0.0874(2)
Rwp = 7.27; Rb = 3.51
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Table 2. Comparison of Rietveld Reliability Factors from Single Layered R3̅m Phase, Single Layered R3̅m Phase with
Tetrahedral Li+ Occupancy, Two Independent R3m
̅ Layered Phases with and without Tetrahedral Li+ Occupancy
single phase without tetrahedral
Li

single phase with tetrahedral Li

two phases without tetrahedral Li

two phases with tetrahedral Li

sample name

Rwp

RB

Rwp

RB

Rwp

RB

Rwp

RB

B
C
D
E
G
H

9.67
10.73
10.73
10.82
9.54
8.49

4.20
4.95
4.93
5.37
6.44
4.74

9.73
10.70
8.78
10.71
9.27
8.50

4.42
4.93
3.64
4.82
5.43
4.6

10.31
10.17
7.68
9.30
7.59
7.51

5.48
5.21
3.57
4.82
5.00
3.93

11.80
10.21
7.61
8.65
7.34
7.27

8.11
5.21
3.40
4.19
4.03
3.51

At the middle of the plateau region (4.60 V, D in Figure S1)
the reﬁnement improved when two independent phases, R3̅m
space groups, were implemented. The addition of a second
layered phase with tetrahedral Li+ occupancy improved both
Rietveld reliability factors Rwp and RB to 7.61 and 3.40,
respectively. The use of a second phase increased the ﬂexibility
in the reﬁnement to account for peak broadening as well as
peak shoulders in the diﬀraction pattern (Figure 1b). The
reﬁnement results continue to support the evidence of
tetrahedral Li+ ions forming in the second layered phase
during the middle of the ﬁrst charge cycle.
Lastly, at the end of the ﬁrst complete charge (4.80 V, E in
Figure S1), the XRD pattern shows that the superlattice peaks
remain visible (Figure 1a) indicating that long-range cation
ordering remains present in the transition metal layer, even
after complete delithiation. The addition of a second R3̅m
phase including tetrahedral Li+ ion occupancy improves the
pattern ﬁtting and reduces the residual errors of the (003),
(104), (110), and (108) peaks over a single layered R3̅m phase
or two independent R3̅m layered phases without tetrahedral Li+
occupancy (see Tables 1 and 2). The amount of Li/Ni
interlayer mixing increased 50% to 0.05 at the end of the ﬁrst
charge. The increased amount of Li+ vacancies increases the
likelihood of Ni ion migration. Previous literature has identiﬁed
oxygen loss during the plateau region in the Li-excess series of
materials.7,8,14,37 To explore the possibility of oxygen loss in the
structure, oxygen occupancies were reﬁned without constraints.
The Rietveld reﬁnement results indicate that in the layered
phase with tetrahedral Li+ ion formation, 22% oxygen loss is
observed; while the oxygen content of the second layered phase
remains constant at 2.0 (see Table 3). Neutron diﬀraction work
is currently in progress to quantify the oxygen vacancy amount
more accurately; the result will be reported elsewhere.
The XRD patterns collected during the ﬁrst electrochemical
discharge indicate that the superlattice peaks remain evident
until 3.30 V (position G) as seen in Figure 1a. The superlattice
peaks start to fade during the remainder of the discharge cycle,
as seen from the XRD pattern following the ﬁrst full
electrochemical cycle, consistent with previous literature.15,25
Rietveld reﬁnement of patterns collected during the discharge
using a single layered phase no longer leads to pattern
convergence and conﬁrms that the material retains the two
independent phases with tetrahedral Li+ occupancy remaining
constant during discharge. Within the states during discharge,
the c lattice parameter begins to contract while the a lattice
parameter expands, which corresponds to the reduction of Ni4+
to Ni2+.
After the ﬁrst electrochemical cycle, for the original layered
phase, the c lattice parameter increases from the pristine value
of 14.2584 Å to 14.3218 Å following discharge to 2.0 V (H in

Table 3. Comparison of Fitting Models for Position E Using
a Single Phase Model and Two Independent Layered Phase
with and without Tetrahedral Li+ Occupancy
position E: two
layered phases
and tetrahedral Li

position E: two layered
phases and tetrahedral Li
with oxygen vacancies

Phase 1:
a = 2.8575
c = 14.3446
c/a = 5.020
z(O) = 0.260
n_Ni (in Li
layer) =
0.079
Phase Fraction:
57%

Phase 1:
a = 2.8595
c = 14.3620
c/a = 5.023
z(O) = 0.260
n_Ni (in Li
layer) = 0.050

Phase 1:
a = 2.8595
c = 14.3620
c/a = 5.023
z(O) = 0.260
n_Ni (in Li layer) =
0.050

Phase Fraction:
57%

n_Oxygen = 2.00

Phase 2:
a = 2.8476
c = 14.3217
c/a = 5.029
z(O) = 0.260
n_Ni (in Li
layer) =
0.053
Rwp = 9.30;
Rb = 4.82

Phase 2:
a = 2.8478
c = 14.3203
c/a = 5.028
z(O) = 0.259
n_Ni (in Li
layer) = 0.071

position E:
single phase

position E: two
layered phases

a = 2.8485
c = 14.3263
c/a = 5.029
z(O) = 0.260
n_Ni (in Li
layer) =
0.063
Rwp = 10.71;
Rb = 4.82

n_Li (in
tetrahedral
site) = 0.099
Rwp = 8.65;
Rb = 4.19

Phase Fraction: 57%
Phase 2:
a = 2.8478
c = 14.3203
c/a = 5.028
z(O) = 0.260
n_Ni (in Li layer) =
0.075
n_Li (in tetrahedral site)
= 0.102
n_Oxygen = 1.56
Rwp = 8.52; Rb = 3.80

Figure S1). Moreover, the a lattice parameter expands from
2.8608 Å to 2.8676 Å following complete discharge. The
expanded lattice parameters following discharge are consistent
with previous research.8
3.2. Strain Eﬀects During Electrochemical Cycling.
Microstrain eﬀects were extracted by examining the line
broadening observed in the XRD patterns obtained during
the ﬁrst electrochemical cycle. From our SEM images, the
average particle size does not change much during the ﬁrst
electrochemical cycle, that is, it remains to be above 100 nm.
XRD peak broadening contributed from size eﬀect can be
excluded. Figure 2 shows microstrain values obtained at
diﬀerent states of charge during the ﬁrst electrochemical
cycle. Williamson−Hall type microstrain can be explained by
nonuniform strain eﬀects originating from systematic shifts of
atoms from their ideal positions resulting from defects such as
point defects, site-disorder, and vacancies as well as plastic
deformation (see S5 for more details).38−40 The plot shows
that the microstrain remains constant from the pristine material
through the sloping region to 4.45 V. At the end of the ﬁrst
charge (E) the microstrain increases by 0.1%, which doubles
1624
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Figure 2. Change in the percent microstrain of Li[Li1/5Ni1/5Mn3/5]O2 plotted corresponding to the state of charge during the ﬁrst electrochemical
cycle. Above are TEM images of the highlighted points illustrating increased strain. Error bars shown correspond to σ.

Figure 3. High resolution STEM images of (a) pristine and (b) after 10 cycles.

the material at the end of the discharge cycle. We propose that
the decrease in microstrain is a result of oxygen ions re-entering
the structure, which is evidenced by changes in both intensity
and position of our EELS oxygen pre-edge and K-edge data.
The microstrain generated during the ﬁrst electrochemical cycle
does not completely recover to the pristine material value,
indicating irreversible changes during the ﬁrst cycle, which may
contribute to the irreversible capacity loss.
3.3. TEM/STEM. Figure 2 depicts images at three diﬀerent
points along the ﬁrst electrochemical cycle (C, D, and G
points). Multiple grains were selected for study, and the results
are consistent, therefore only representative data are shown
here. It has been found by previous studies that the pristine
material shows well faceted surfaces, a high degree of
crystallinity, and well layered properties in the bulk that extend
to the surface.5 The TEM image following charging to the end
of the sloping region at 4.45 V (C) illustrates the formation of

comparing to the pristine value. However, the errors associated
with the microstrain values with states of charge at 4.60 V, 4.80
V, and 3.30 V have increased signiﬁcantly. TEM images taken at
these states of charge show a high degree of stacking faults and
the formation of dislocations within the material. An improvement to the ﬁtting can be applied using the modiﬁed
Williamson−Hall plot,40−42 which will be explored in future
studies. The microstrain increase correlates well with the
amount of Li+ ion vacancies in the delithiated sample as well as
site-disordering from the possibility of tetrahedral Li+ site
formation. Microstrain eﬀects may also originate from cation
migration accompanied by oxygen vacancy, Li/Ni site mixing,
and a second layered phase formation, which are conﬁrmed
from Rietveld reﬁnement of the XRD patterns. The microstrain
values continue to increase during the ﬁrst half of the discharge
cycle. At this point, Li+ ions are re-entering the structure, and
the microstrain decreases as additional Li+ are intercalated into
1625
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Figure 4. Representative EELS spectra of Mn L-edge and O K-edge from the bulk of the Li[Ni1/5Li1/5Mn3/5]O2 during the ﬁrst electrochemical
charging and discharging cycles. (a) Overall EELS spectrum; (b) Mn L-edge; (c) O K-edge; (d) Mn L3/L2 ratio; (e) O K-edge comparison of
pristine and after one cycle.

nanocracking extending through the ﬁrst 20 nm of the material.
The ﬁgure shows that the faceted surfaces in the pristine
material begin to become less clearly deﬁned which may be an
indication of material loss. Attempts to capture HAADF-STEM
images were unsuccessful from the beginning of the voltage
plateau region throughout the remainder of the ﬁrst electrochemical charge/discharge cycle because the evolution of
strains and defects prevented visualization of the atomic
columns. Blue-framed low magniﬁcation TEM images taken
at the middle of the plateau region (4.60 V, D) correspond to a
charging capacity of 200 mAh/g. The ﬁgure shows a signiﬁcant
increase in the formation of nanocracks that span into the bulk
of the material.
Upon discharge to 3.30 V (G), approximately 0.5 Li+ ions are
reintercalated into the structure. The TEM image in the
maroon frame suggests that the amount of stacking faults and
defects continue to increase in the material. The electron
diﬀraction pattern of the particle reveals that there are no
distinct spots associated with a well layered structure, but
streaking indicates changes in the long-range ordering and
layeredness of the material (Figure S6). This streaking is
consistent with the large amount of microstrain observed by
XRD. Following discharge to 2.00 V (H), the nanocracks as
well as the defects seen at previous points during the
electrochemical cycle are not commonly observed anymore in
most of the particles, which enables the HAADF-STEM
imaging of the material. The image shows that the bulk of
the material still maintains the well-layered structure; however,
the contrast within the ﬁrst 2 nm of the surface changes. Along
the (001)̅ direction, the dark columns become much brighter
on the surface.43 The contrast matches that of the neighboring
TM columns. This suggests that, following the ﬁrst electrochemical cycle, a second phase has formed, consistent with
previous ﬁndings.26 Figure 3 compares the HAADF-STEM
images from the pristine and after 10 electrochemical cycles
recorded along the [1̅1̅0] zone axis. The stacking sequence of
the layers in the pristine material completely changed after 10
electrochemical cycles. In the pristine material, there is evidence

of stacking faults; however, following electrochemical cycling,
the material adopts a more uniform structure. This may suggest
that the oxygen framework tends to adopt a diﬀerent stacking
after the oxygen vacancy formation and cation migration, and
such stacking changes may be responsible for the disappearance
of the superstructure peaks in the XRD pattern.
3.4. EELS. Figure 4a compares the EELS spectra of the
oxygen K-edge and manganese L-edges from the bulk of the
structure taken at diﬀerent states during electrochemical
cycling. The structural evolution during the ﬁrst electrochemical cycle can be interpreted using changes in the onset
energy and the ﬁne structures in the spectra. The intensities of
all the spectra are normalized to the highest intensity peak. The
onset energy of O K-edge prepeak is aligned to 532 eV.
Therefore, our analysis of the O K-edge is limited to the ﬁne
structures and not the chemical shift of O K-edge. The L3 and
L2 of transition metals are due to the transition from 2p3/2 to
3d3/2 and 3d5/2 and from 2p1/2 to 3d3/2, respectively. Their
intensities are correlated to the unoccupied bands in 3d
orbitals. Previous studies have shown that the L3/L2 ratio is
sensitive to the valence state of Mn.44,45
Examining the Mn L-edge onset energy during the sloping
region of the ﬁrst charging cycle shows that the peak shifts to a
lower energy loss beginning at position C (Figure 4b) which
indicates a lower oxidation state. Analysis of the L3/L2 edge
ratio (shown in Figure 4d) further supports the change in the
Mn oxidation state to a value at position C. During the
discharge, the Mn valence state returns back to 4+ following the
ﬁrst electrochemical cycle. The onset energy for the Mn L3
peak remaining shifted to lower energies following discharge
may signify a changing local atomic arrangement.
Figure 4c shows the oxygen K-edge spectra. The splitting
into two peaks for the O K-edge is a characteristic of the
layered material. In the layered material, oxygen forms an O3
framework and the TM resides in octahedral sites. The crystal
ﬁeld of the TM splits into three t2g orbitals at a lower energy
and two eg orbitals at a higher energy level. The K-edge of
oxygen is the consequence of the transition of 1s electrons to
1626
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along with tetrahedral Li+ ion formation. EELS spectra indicate
a possibility of oxygen vacancy formation at the beginning of
the plateau region, and Rietveld reﬁnement conﬁrms the
oxygen loss following the plateau region. We propose that these
oxygen vacancies and the distortion in the oxygen octahedral
create stacking faults within the lattice seen in the TEM
micrographs (Figure 2). It has been previously reported that
ordered and disordered vacancies, such as vacant Li+ and O2−
sites, as well as the creation of stacking faults are driven by
transition metal or lithium layer gliding to reduce the structural
free energy.47,48 The layer gliding provides a mechanism for the
formation of domain structure and second phase formation,
which result in diﬀerent stacking sequences of the crystal
structure (Figure 3). This second phase is created during the
plateau region, and Rietveld reﬁnement conﬁrms the presence
throughout the remainder of the ﬁrst electrochemical cycle.
The TEM micrographs show that at the beginning of the
discharge, a large amount of stacking faults are evident.
With the introduction of the stacking faults and the
corresponding increase in microstrain within the material, the
cations within Li[Li1/5Ni1/5Mn3/5]O2 migrate and undergo
signiﬁcant electronic state changes. At the beginning of the
plateau region the Ni and Mn ions are completely oxidized to
the 4+ states and the amount of Li/Ni interlayer mixing
remains below 0.02. Within the plateau region, the ﬁrst
evidence of tetrahedral Li+ is identiﬁed, indicating favorable
cation migration environments. The vacancies created in the
oxygen layers not only induce the stacking faults but also enable
Li/Ni cation migration by hopping through nearby vacancies.
During states of charge within the voltage plateau, the Li/Ni
interlayer mixing increases to a maximum mixing of 0.071 at the
end of the ﬁrst charge cycle and remains elevated at the initial
stages of the discharge cycle. Furthermore, electronic state
changes occur in the Mn ions. The EELS spectra reveal a
change in the energy loss to a lower position and detailed
analysis of the L3/L2 peak intensity ratio shows evidence of
Mn3+ formation. Both of these changes show that not only does
the oxygen participate in the electrochemical compensation
during the voltage plateau, but that TM also contributes. The
stacking faults generated during electrochemical cycling
contributed to the microstrain seen during the ﬁrst electrochemical cycle. These factors prevented high resolution
structural imaging at the high state of charge (point E);
however, following discharging to 2.0 V the structure has
reversibly reconﬁgured to a model closer to the pristine
material where the Mn oxidation in the bulk is almost fully back
to 4+ and the Ni ion has reduced to 2+.
It is clear that permanent structural rearrangements have
occurred. There is permanent lattice expansion in both the a
and c lattice parameters as well as the formation of tetrahedral
Li+ ions and a second layered phase, as well as the change in the
layer stacking in the original layered phase. These permanent
structural modiﬁcations become more evident and the phase
percentages increase as the material continues electrochemically
cycling as we have shown previously.26 Moreover, following the
ﬁrst electrochemical cycle, the STEM image clearly shows the
well-layered structure in the bulk; however, the surface
structure of the cycled grain has changed to a defect spinel
phase. Identifying how this material continues to evolve during
long-term cycling is a critical piece necessary to identify the
source of capacity fading as well as the depression in discharge
voltage in this class of compounds.

the unoccupied 2p orbitals, which hybridized with the TM 3d
orbitals. The splitting of the O K-edge corresponds to the
splitting of the TM 3d orbitals.
In positions C and D, the ratio of the ﬁrst peak to the second
peak increases, which may result from a larger amount of
unoccupied t2g orbitals and a change in local environment of
oxygen, such as bond length, oxygen vacancy formation, etc.
The increasing ratio can be from the oxidation of TM, e.g., Ni2+
to Ni4+. The energy diﬀerence in the two peaks can also be an
indication of the oxygen local environment change. From
position C through the end of the ﬁrst cycle, the diﬀerence in
the two oxygen peaks is the same, which is larger than positions
A and B. This may be a result from oxygen vacancy formation
as well as stronger bonding between oxygen and TM, which is
not reversible at the end of the ﬁrst cycle. These results show
that, in the bulk structure beginning at the voltage plateau
region, the local environments of Ni4+, Mn4+, and oxygen are
simultaneously changing and may all participate in charge
compensation during the voltage plateau region, some of which
is not reversible.

4. DISCUSSION
4.1. Source of Anomalous Capacity−Oxygen Activation. Previous studies of the Li-excess series of layered
materials have identiﬁed the oxygen activation mechanism as
the source for the anomalous capacity.7,8,14,46 The present
research uses the combined results obtained from SXRD, TEM,
and EELS at various states of charge to further explain the
source of anomalous capacity identiﬁed within this series of
materials. Rietveld reﬁnement of SXRD patterns following the
ﬁrst charging cycle (E in Figure 1C) identiﬁed the loss of
approximately 20% oxygen from the bulk structure within one
of the two layered phases reﬁned. The amount of oxygen loss to
accommodate the removal of the additional 0.6 mol Li+ ions
corresponds to 0.3 mol (15%), assuming the contribution of 2
electrons. Recent reports have used reﬁnement to identify the
loss of structural oxygen; however, only less than half of the
theoretically proposed oxygen loss was found.7 A possible
explanation for the smaller than expected oxygen loss is that the
transition metal ions are also contributing to the anomalous
capacity. Analysis of the Mn oxidation state from the EELS
reveals a change from 4+ to nearly 3+ then returns to 4+ during
the discharge cycle. It is the ﬁrst identiﬁcation of the changing
Mn oxidation state within this series of materials during the ﬁrst
electrochemical cycle. The changing Mn oxidation state leads to
a shift in the oxygen octahedral positions, which can cause local
distortions in the lattice causing increased peak broadening as
evidenced in the elevated microstrain values from the
Williamson−Hall plots at position E. Mn3+ may also go
through disproportionation reaction, which may contribute to
the irreversible capacity during the ﬁrst cycle. Further evidence
of changing oxygen local environment is evidenced through our
EELS data.
4.2. Structural Changes Caused by Oxygen Vacancies.
During the initial electrochemical charging before the voltage
plateau region, structural changes observed through Rietveld
reﬁnement of XRD patterns and the TEM images are minimal.
The amount of Li/Ni interlayer mixing decreases, indicating
that the layered properties of the material are improving.
Rietveld reﬁnement indicates that neither the tetrahedral Li+
ions nor the second layered phase forms within this region.
When the electrochemical charging cycle reaches the voltage
plateau, at position D, there is some evidence of a second phase
1627
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5. CONCLUSION
Based on the experimental results presented, we have shown
that the mechanisms providing charge compensation during the
ﬁrst electrochemical cycle of the Li-excess layered oxide
materials are complex. We have presented direct evidence to
describe the lithium deintercalation mechanisms at diﬀerent
states of charge. Oxygen vacancies forming and possible oxygen
activation within the bulk structure are identiﬁed through EELS
and Rietveld reﬁnement of SXRD. The evidence indicates that
the oxygen activation may be responsible for the formation of
stacking fault defects as well as for facilitating cation migration,
including Ni migration to the Li layer. These defects created
within the structure lead to the increase of signiﬁcant
microstrains observed within the bulk structure. The microstrain continually increases during the voltage plateau and into
the beginning of the discharge cycle where the largest amount
of cation mixing, oxygen vacancies, and lattice parameter
expansion are observed.
Our results presented here suggest that a combination of
these mechanisms during the ﬁrst electrochemical cycle,
particularly in the voltage plateau region, impede lithium
diﬀusion, which may contribute to the low intrinsic rate
capabilities and large irreversible capacity losses of this material.
Identiﬁcation of these mechanisms forming during the ﬁrst
electrochemical cycle raises questions about how surface
coatings improve irreversible capacity fading and whether
they remove or change these dynamic processes during the ﬁrst
electrochemical cycle. The present research also raises
questions about the continually changing nature of these
electrodes upon cycling. Only through continued research using
sophisticated instrumentations such as atomic resolution STEM
and EELS as well as high resolution synchrotron X-ray
diﬀraction and neutron diﬀraction will the complex nature of
the interactions in the Li-excess layered transition metal oxides
be uncovered.
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