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ABSTRACT: The Li7P3S11 glass-ceramic is a promising
superionic conductor electrolyte (SCE) with an extremely
high Li+ conductivity that exceeds that of even traditional
organic electrolytes. In this work, we present a combined
computational and experimental investigation of the material
performance limitations in terms of its phase and electrochemical stability, and Li+ conductivity. We ﬁnd that Li7P3S11
is metastable at 0 K but becomes stable at above 630 K (∼360
°C) when vibrational entropy contributions are accounted for,
in agreement with diﬀerential scanning calorimetry measurements. Both scanning electron microscopy and the calculated Wulﬀ
shape show that Li7P3S11 tends to form relatively isotropic crystals. In terms of electrochemical stability, ﬁrst-principles
calculations predict that, unlike the LiCoO2 cathode, the olivine LiFePO4 and spinel LiMn2O4 cathodes are likely to form stable
passivation interfaces with the Li7P3S11 SCE. This ﬁnding underscores the importance of considering multicomponent integration
in developing an all-solid-state architecture. To probe the fundamental limit of its bulk Li+ conductivity, a comparison of
conventional cold-press sintered versus spark-plasma sintering (SPS) Li7P3S11 was done in conjunction with ab initio molecular
dynamics (AIMD) simulations. Though the measured diﬀusion activation barriers are in excellent agreement, the AIMDpredicted room-temperature Li+ conductivity of 57 mS cm−1 is much higher than the experimental values. The optimized SPS
sample exhibits a room-temperature Li+ conductivity of 11.6 mS cm−1, signiﬁcantly higher than that of the cold-pressed sample
(1.3 mS cm−1) due to the reduction of grain boundary resistance by densiﬁcation. We conclude that grain boundary conductivity
is limiting the overall Li+ conductivity in Li7P3S11, and further optimization of overall conductivities should be possible. Finally,
we show that Li+ motions in this material are highly collective, and the ﬂexing of the P2S7 ditetrahedra facilitates fast Li+ diﬀusion.
KEYWORDS: superionic conductor electrolyte, Li7P3S11, ionic conductivity, electrolyte−electrode interface, spark-plasma sintering,
ab initio molecular dynamics
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ature ionic conductivity of 3.2 mS cm−1.10,11 Its crystal structure
was subsequently characterized by Yamane and co-workers.4
Further optimization of heat treatment and high-pressure
conditions during the synthesis process by Seino and coworkers produced a material with a room-temperature ionic
conductivity of 17 mS cm−1,5 which they attributed to the
reduction of grain boundary impedance and thus reducing
overall cell resistance. Such ionic conductivity even exceeds that
of the Li10GeP2S12 family of electrolytes.3,9,14−16 On the
computational front, Onodera et al.17,18 applied the reverse
Monte Carlo (RMC) approach and found that the lithium ionic
conduction pathway, formed by LiS4 tetrahedra linked with
vacant S 4 tetrahedra, can be remarkably long. They
hypothesized that the large number of vacant S4 tetrahedra
surrounding the Li ions is the origin of the high ionic
conductivity in this compound. Lepley and Holzwarth19 also

INTRODUCTION
Rechargeable all-solid-state lithium-ion batteries utilizing a fast
lithium superionic conductor electrolyte (SCE)1−5 have the
potential to revolutionize energy storage by providing an
inherently safer, less ﬂammable alternative to traditional organic
electrolyte-based batteries. 6−8 The discovery of the
Li10GeP2S123,9 and Li7P3S114,5,10−13 glass-ceramic conductors
have provided further optimism that SCEs with Li +
conductivities rivaling that of organic solvents exist. In
particular, a room-temperature ionic conductivity of 17 mS
cm−1 has been achieved in the Li7P3S11 glass-ceramic,5 which is
the highest ionic conductivity observed for a SCE thus far.
Li7P3S11 crystallizes in a triclinic structure with space group
of P1̅ (Int. No. 2),4 as illustrated in Figure 1. All Li sites are
fully occupied, with phosphorus and sulfur atoms forming
individual PS4 tetrahedra or S-sharing P2S7 ditetrahedra. The
primitive cell consists of two formula units with seven
symmetrically distinct lithium sites.
Li7P3S11 was ﬁrst reported by Mizuno et al. as the metastable
crystal precipitated from 70Li2S·30P2S5, with a room-temper© XXXX American Chemical Society
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vectors. Thermodynamic quantities such as Gibbs free energy and
vibrational entropy were computed from the phonon spectrum (see
the Supporting Information (SI) for details).
Electrochemical Stability. The electrochemical stability of the
SCEs in contact with the electrodes was estimated using two
thermodynamic approximations.
(1) The ﬁrst approximation is based on the previous work by Ong
et al.,14 which assumes that Li is the main mobile species. Under such
conditions, the SCE−electrode interface can be modeled as an open
system with respect to Li. The relevant thermodynamic potential is
then the grand potential, given as ϕ = E − μLi NLi, where E, NLi, and
μLi are respectively the internal energy, the number of Li atoms in the
open system, and the Li chemical potential. The SCE−anode interface
is modeled as the SCE material at high μLi ≈ μ0Li, and the SCE−
cathode interface is modeled as the SCE material at low μLi ≈ μ0Li − 5
eV. Here, μ0Li is the energy of metallic Li.
(2) The second approximation assumes full thermodynamic
equilibrium between the SCE and electrode in varying ratios. In
essence, the pseudobinary phase diagram between SCE and electrode
is constructed to identify the stable phase equilibria. This methodology
is similar in spirit with previous work by Miara et al.,32 but, in our
approach, there is no assumption of the alkali ion being the dominant
mobile species and composition conservation is enforced for all
species. We believe this approach is more reﬂective of the conditions
during actual synthesis and assembly conditions.
Electronic Structure. The band gap of an SCE serves as a measure
of its electronic conductivity, as well as an upper limit for its intrinsic
electrochemical window.33 We performed electronic structure
calculations using the Heyd−Scuseria−Ernzerhof (HSE) hybrid
functional,34,35 which has been shown to be signiﬁcantly more
accurate at predicting band gaps compared to semilocal functionals.36
Due to the higher computational load compared to PBE calculations, a
reduced Monkhorst−Pack k-mesh 2 × 4 × 2 was adopted instead.
Surface Energies and Wulﬀ Shape. The surface energies for all
surfaces with maximum index of 2 of Li7P3S11 were calculated using the
following expression:

Figure 1. Crystal structure of a 2 × 2 × 2 supercell of Li7P3S11. The
tetrahedra are PS4, and Li and S atoms are labeled with green and
yellow spheres, respectively.

carried out a density functional theory (DFT) study of Li7P3S11
and concluded that it is metastable and that the migration
barrier along the b crystallographic direction (around 150 meV)
is lower than along the other two crystallographic directions.
In this work, we build on the existing body of knowledge on
the highly promising Li7P3S11 SCE and present a comprehensive computational and experimental investigation of the
performance limits of this material in terms of its phase and
electrochemical stability, and Li+ conductivity. We show that
Li7P3S11 is entropically stabilized at temperatures above 630 K
(∼360 °C) and tends to form relatively isotropic crystals. We
demonstrate that the synthesis approach has a signiﬁcant eﬀect
on the overall conductivity but only a small eﬀect on measured
activation energies. While a signiﬁcant increase in conductivity
from 1.3 to 11.6 mS cm−1 was experimentally observed by a
densiﬁcation process, ab initio molecular dynamics simulations
predict Li7P3S11 to have aan even higher bulk room-temperature Li+ conductivity of 57 mS cm−1. We also discuss the role
of ionic motion correlation and the framework structure in
facilitating fast Li+ diﬀusion.

■

γ=

Es − E b
2A

(1)

where Es and Eb represent the total energy of the slab and bulk,
respectively, and A is the surface area. The normal width of the slab
was set to at least 10 Å, and a 10 Å vacuum layer was added in the
calculation to minimize interactions between periodic images. We
further impose the conditions that PS43− and P2S74− polyhedra with
highly covalent P−S bonds must remain intact, and only nonpolar
surfaces were calculated. The equilibrium morphology of the Li7P3S11
crystal was determined from the surface energies via the Wulﬀ
construction.37
Diﬀusivity and Ionic Conductivity. The diﬀusivity and
conductivity of Li7P3S11 were calculated using non-spin-polarized ab
initio molecular dynamics (AIMD) simulations. A smaller plane-wave
energy cutoﬀ was selected as 280 eV. A 1 × 2 × 1 supercell along with
a minimal Γ-centered 1 × 1 × 1 k-mesh were adopted. The time step
was set to 2 fs. The simulation setup is similar to previous work by the
authors.38 The diﬀusivity was then obtained by performing a linear
ﬁtting of the mean square displacement (MSD) with time. Diﬀusivities
were obtained at temperatures between 400 K and 1200 K in 100 K
increments. Then an Arrhenius plot of ionic conductivity (σ(T)), as
computed using the resulting diﬀusivities (D(T)) via the Nernst−
Einstein relation,

COMPUTATIONAL METHODS AND DETAILS

All calculations were performed using the Vienna ab initio simulation
package (VASP)20 under the projector augmented wave approach.21 A
structural optimization of the experimental Li7P3S11 structure was ﬁrst
carried out,4 and the fully relaxed structure was used in the subsequent
calculations. Unless otherwise indicated, all calculations were spinpolarized and utilized the Perdew−Burke−Ernzerhof (PBE) generalized-gradient approximation (GGA)22 exchange-correlation functional,
a kinetic energy cutoﬀ of 520 eV, and a Monkhorst−Pack k-mesh23
with density of 1000/(number of atoms in the unit cell). All analyses
were performed using the Python Materials Genomics (pymatgen)
library.24
Phase Stability. The Li−P−S phase diagram at 0 K was
constructed by determining the convex hull25 of the compositionenergy coordinates of all LixPySz compounds. Precomputed data were
obtained from the Materials Project (MP)26 using the Materials API.27
The energy diﬀerence between the Li7P3S11 phase and the predicted
phase equilibria, also known as the energy above the hull (Ehull), was
evaluated.25 The Ehull is always non-negative and becomes zero for
stable compounds. The higher the Ehull, the less stable the compound
is predicted to be. A constant energy correction of −0.66 eV per S
atom, which is similar to the scheme proposed by Wang et al.28 for the
O2 molecule, was applied to the elemental sulfur energy.29
Dynamical Stability. Phonon calculations were carried out with a
1 × 2 × 1 supercell of Li7P3S11 using the Phonopy package.30 Realspace force constants associated with the atoms in the supercell were
ﬁrst computed within the framework of density-functional perturbation theory (DFPT),31 and the phonon spectrum was then obtained
by solving the dynamical matrices of various high-symmetry wave

σ(T )T =

ρz 2F 2
D(T )
R

(2)

was generated and used to determine the activation energy (Ea). Here,
ρ is the molar density of diﬀusing ions in the unit cell. F, R, and z are
the Faraday constant, the gas constant, and the charge of lithium ions
that equals +1, respectively. A linear extrapolation was made to obtain
the room-temperature conductivity. To analyze the correlations
between ion motions, we calculated the self and distinct parts of the
B
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Figure 2. SEM images of (a) cold-pressed and (b) SPS Li7P3S11 glass-ceramics. (c) XRD patterns of 70Li2S·30P2S5 glass sintered by conventional
methods and SPS.
van Hove correlation function from the AIMD trajectories, as detailed
in our recent work.29 A detailed description of these methods is also
provided in the SI. We also investigated the Li+ diﬀusion pathways by
calculating the probability density distribution, which is deﬁned on a
uniform 3D grid in the unit cell (Ω) and obtained by ensemble
averaging over the Li+ ionic trajectories of AIMD in conjunction with
∫ Ω P(r) dr = 1.29 The van Hove and also the diﬀusion pathway
analyses were performed using the pymatgen-diﬀusion add-on to
pymatgen.39

■

electronically insulating materials for use in the SEM. Iridium was
sputtered onto the electrolyte materials by using an Emitech sputter
coater for 7 s, with a current of 8 μA. SEM images were collected with
an applied voltage of 20 kV.
X-ray diﬀraction (XRD) data of glass and glass-ceramic were
collected by Rigaku diﬀractometer, using Cu Kα radiation. The scan
range was 10°−70°.
The glass-transition temperature (Tg) and the glass-ceramic
crystallization temperature (Tc) were determined by diﬀerential
scanning calorimetry (DSC; PerkinElmer Pyris Diamond). The
temperature range was from room temperature to 673 K (400 °C)
with a scan rate of 10 K/min. The glass material was hermetically
sealed in aluminum pans, and measurements were conducted under
argon purging.
Electrochemical Measurements. Ionic conductivities were
measured using electrochemical impedance spectroscopy (EIS) with
an impedance analyzer (Solartron 1260) in the frequency range of 1
MHz to 1 Hz with an applied AC voltage of 25 mV. The diameters of
the cold-pressed pellets and the SPS pellets were 13 mm and 10 mm,
respectively. Cold-pressed pellets were pressed using 5 t while SPS
pellets were used as is. Carbon paste was attached to both sides of the
pellets as electrodes, and stainless steel plates were used as current
collectors.
High-temperature conductivity measurements on the cold-pressed
and SPS pellets were collected by heating the pellets in an electric
furnace from room temperature to 453 K in 25 K increments. The
solid electrolyte cell was heated in the electric furnace at a rate of 10
K/min to avoid temperature overshoot. Conductivity measurements
were made after the cell had dwelled at the desired temperature for 1
h. The activation energy (Ea) for Li-ion diﬀusion was obtained from

EXPERIMENTAL METHODS

Synthesis. 70Li2S·30P2S5 glass was synthesized from reagent-grade
chemicals, P2S5 (Sigma-Aldrich, 99%) and Li2S (Sigma-Aldrich
99.98%). Stoichiometric amounts of these chemicals were mixed and
sealed in a quartz ampoule and heated at 973 K (700 °C) for 4 h. The
molten sample was then quenched to room temperature in ice water.
Subsequently, the resulting glass was ground for 30 min with an agate
mortar and pestle into a glass powder. For the cold-pressed sample,
the glass powder was sealed in a quartz ampoule, heated at 573 K (300
°C) for 2 h, and then quenched to room temperature in ice water. For
the spark-plasma-sintered (SPS) samples, the glass powder was loaded
into 10 mm tungsten−carbide dies, lined with a graphite sheet and
pressed lightly. The loaded die was placed into the SPS chamber and
pressed to a preload pressure of 10 MPa. The heating and pressure
proﬁles were as follows: 573 K (300 °C) at a rate of 100 K/min and
300 MPa at a rate of 100 MPa/min. The temperature and applied
pressure dwell times were 5 min. The experiment was conducted
under ﬂowing argon gas.
Characterization. Cross-sectional images of cold-pressed and SPS
samples were collected with Phillips XL30 scanning electron
microscopy (SEM). A thin ﬁlm of iridium was coated onto the
C
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Table 1. Cell Parameters of Li7P3S11 Reported in Previous Experimental Studies and This Work
a (Å)

b (Å)

c (Å)

α (deg)

β (deg)

γ (deg)

12.501
12.483
12.586
12.493
12.84

6.032
6.031
6.061
6.030
6.20

12.530
12.499
12.607
12.532
12.64

102.845
102.906
102.937
102.834
103.72

113.202
113.304
113.166
113.265
113.78

74.467
74.495
74.756
74.524
74.09

ref4
ref17
SPS hot-pressing, this work
cold-pressing, this work
DFT-PBE, this work

the Arrhenius plot. All measurements and heating were conducted in
an Ar atmosphere.

■

RESULTS
Crystal Structure and Characterization. Panels a and b
of Figure 2 show the SEM images of Li7P3S11 crystals obtained
from the cold-pressed and SPS heat treatment processes,
respectively. It is clear that the morphology of the cold-pressed
pellet is highly granular and contains a network of open pores,
which is in contrast to the morphology of the SPS made pellets
that exhibit much smoother surfaces. This is in line with the
previous experimental report.5
Figure 2c shows the XRD patterns for the glass powder, coldpressed glass-ceramic, and SPS glass-ceramic. The bottom curve
shows the pattern of the melt-quenched precursors. No
crystalline peaks from the two starting materials are present,
and an amorphous glass phase is achieved when the molten
material is quenched in ice water. Subsequent heat treatment of
the glass phase material to form the glass-ceramic shows the
Li7P3S11 phase formed in both cold-pressed-sintered and SPS
samples. The peaks observed in the cold-pressed-sintered and
SPS glass-ceramics are identiﬁed as the glass-ceramic Li7P3S11,
which are in excellent agreement with the reported crystal
structure by Yamane et al.4 A comparison of the cell parameters
estimated via XRD reﬁnement and from DFT calculations in
this work with previous experimental values in the literature is
given in Table 1. Our experimental lattice parameters are in
good agreement with previous works,4,17 while the PBE
calculated lattice parameters are consistently overestimated by
1−3% compared to the experimental values, which can be
attributed to the well-known tendency for GGA functionals to
underbind.
Phase Stability. Figure 3 shows the calculated Li−P−S
phase diagrams at 0 K. Regardless of whether a sulfur
correction is applied, Li7P3S11 is predicted to be metastable at
0 K. However, the predicted phase equilibria at the Li7P3S11
composition depends on whether the sulfur correction is
applied.
In the absence of a sulfur correction, the predicted phase
equilibrium is
Li 7P3S11 → Li3PS4 + Li4P2S6 + S

Figure 3. Li−P−S phase diagram at zero temperature (a) with and (b)
without sulfur energy correction. Stable compounds are indicated as
blue dots, whereas the metastable Li7P3S11 is labeled with a brown
square.

(3)

and Li7P3S11 is predicted to have an Ehull of 27 meV/atom. This
result is consistent with the previous work by Lepley et al.19
Here, Li3PS4 refers to the γ phase (Pmn21; ICSD id, 180318),
which is energetically more stable at low temperatures, and
Li4P2S6 has space group P63/mcm (ICSD id, 33506). For
Li4P2S6, we performed an enumeration of the disordered ICSD
structure and used the lowest energy ordering in computing the
phase diagrams.
With the incorporation of the sulfur correction, however, the
local phase triangles change and the predicted phase equilibria
is given by the following reaction:

3Li 7P3S11 → 7Li3PS4 + P2S5

(4)

and Li7P3S11 is predicted to have an Ehull of 21 meV/atom.
Here, P2S5 refers to the lowest energy phase in the MP
database, which has space group P1̅ and ICSD id 409061.
To estimate the transition temperature at which Li7P3S11
becomes thermodynamically stable, the vibrational contributions to the entropy were estimated by computing the phonon
D
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temperatures greater than 630 K (∼360 °C), which
corresponds to the transition temperature.
Figure 4b shows the DSC measurement of Li7P3S11. A shift in
the baseline at around 518 K (245 °C) indicates that the
material underwent a glass transition at Tg. Upon further
heating, the crystallization temperature (Tc) was observed
around 553 K (280 °C) and was followed by another shift in
the baseline measurement, indicative of a change in heat
capacity. The crystalline phase that was formed slightly above
Tc was identiﬁed with XRD and found to be the metastable
Li7P3S11 crystal. Overall, the computed transition temperature
of 630 K (∼360 °C) is in excellent agreement with the
measured crystallization temperature of Li7P3S11 of 553 K (280
°C), as well as that reported previously.5
Electrochemical Stability. The lithium grand potential
phase diagrams at μLi = μ0Li and μ0Li − 5 eV, corresponding to
the Li7P3S11 interface with a Li metal anode and a 5 V charged
cathode environment, respectively, are given in Figure S2 in the
SI. We ﬁnd that, in the limit of fast Li mobility, the phase
equilibria at the Li anode comprise Li3P and Li2S, whereas P2S5
and S are found at the 5 V charged cathode.
We also investigated the possible compounds formed at the
Li7P3S11/electrode interfaces with varying compositional ratios.
Figure 5 shows the pseudobinary phase diagrams and phase
equilibria (in Table 2) that depend on the ratio between
Li7P3S11 and (a) a CoO2 charged cathode, (b) a LiCoO2
discharged cathode, or (c) a Li metal anode. At the Li7P3S11/
Li interface, we ﬁnd that the predicted phase equilibria
comprise γ-Li3PS4, Li4P2S6, Li2S, and LixPy compounds, which
are all reasonable ionic conductors and poor electronic
conductors that may form the basis of a good passivating
layer. We also note that the phase equilibria at G in Figure 5c is
in line with that predicted by the lithium grand potential
approach. This is expected because Li is the only mobile species
at the Li anode, and G corresponds to Li7P3S11 reacting with an
excess of Li.
However, at the Li7P3S11/cathode interface, the predicted
equilibrium phases depend strongly on the particular
stoichiometry and cathode chemistry. The presence of products
that involve Co, P, or S is consistent with previous experimental
ﬁndings, where the mutual diﬀusions of Co, P, and S were
observed at the interface formed between a Li2S−P2S5 glass and
LiCoO2.40 The formation of cobalt sulﬁdes (e.g., Co3S4) near
the Li7P3S11/LiCoO2 interface also agrees well with a recent
experimental report.41 In general, we ﬁnd that the Li7P3S11/
LiCoO2 interface phase equilibria contain poor electronic

spectra for Li7P3S11, Li3PS4 and P2S5 (see Figure S1 in the SI).
Figure 4a plots the Gibbs free energy change of the reverse of

Figure 4. (a) Gibbs free energy change from P2S5 and Li3PS4 to
Li7P3S11 (ΔG; eV per formula unit of Li7P3S11) as a function of
temperature (red solid). The green dashed line indicates zero ΔG. (b)
Experimental DSC curve of 70Li2S·30P2S5 glass. Blue dashed lines
denote the glass-transition temperature (Tg) and crystallization
temperature (Tc).

reaction (4), ΔG(T), with respect to temperature. It can be
observed that the free energy change becomes negative at

Figure 5. Pseudobinary phase diagrams between (a) Li7P3S11 and CoO2 charged cathode, (b) Li7P3S11 and LiCoO2 discharged cathode, and (c)
Li7P3S11 and metallic Li anode. Labeled reactions in the panels are given in Table 2.
E
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Table 2. Phase Equilibria of Li7P3S11 at (a) CoO2 Charged Cathode, (b) LiCoO2 Discharged Cathode, and (c) Metallic Li
Anode As Labeled in Figure 5a
label
(a) CoO2
A
B
C
D
E
F
G
H
I
J
(b) LiCoO2
A
B
C
D
E
F
G
H
I
(c) Li
A
B
C
D
E
F
G
a

x

phase equilibria

0.8235
0.8462
0.8696
0.9067
0.9091
0.9283
0.9289
0.9778
0.9836
0.9844

0.8235
0.8462
0.1739
0.2667
0.2727
0.1055
0.1067
0.0333
0.0246
0.0469

CoS2+ 0.0588 P2S5 + 0.4118 Li3PO4
CoS2+ 0.1538 Li4P2O7 + 0.1538 Li3PO4
LiCoPO4 + 0.6957 CoS2+ 0.0435 Li2SO4 + 0.2174 Li3PO4
LiCoPO4 + 0.2133 Co3S4+ 0.1733 Li2SO4 + 0.0133 Li3PO4
LiCoPO4 + 0.0076 Co9S8+ 0.1894 Co3S4+ 0.1818 Li2SO4
Co3(PO4)2 + 0.0042 LiCoPO4 + 0.0675 Co9S8+ 0.2489 Li2SO4
Co3(PO4)2 + 0.0089 CoO + 0.0667 Co9S8+ 0.2489 Li2SO4
Co3(PO4)2 + 0.7111 CoO + 0.1667 CoSO4 + 0.0778 Li2SO4
Co3(PO4)2 + 0.2623 Co3O4+ 0.1230 CoSO4 + 0.0574 Li2SO4
CoPO4 + 0.2734 Co3O4+ 0.1172 CoSO4 + 0.0547 Li2SO4

0.5000
0.6667
0.8571
0.8675
0.8963
0.9135
0.9196
0.9677
0.9888

0.5000
0.1667
0.2143
0.2651
0.2075
0.1015
0.0804
0.0323
0.1199

CoS2+ 0.2500 Li4P2S6 + 0.7500 Li3PS4 + 0.2500 Li3PO4
CoS2+ 0.6667 Li3PS4 + 0.1667 Co3S4+ 0.3333 Li3PO4
CoS2+ 0.2857 Li2S + 0.2143 Co3S4+ 0.4286 Li3PO4
Li2S + 0.2892 Co3S4+ 0.0361 Li2SO4 + 0.3976 Li3PO4
Li2S + 0.0996 Co9S8+ 0.1369 Li2SO4 + 0.3112 Li3PO4
Co9S8+ 0.2307 Li2O + 0.1396 Li2SO4 + 0.2595 Li3PO4
Li6CoO4 + 0.0932 Co9S8+ 0.1383 Li2SO4 + 0.2412 Li3PO4
Li6CoO4 + 0.3548 Li2SO4 + 0.0968 Li3PO4 + 0.9355 Co
Li6CoO4 + 0.8689 CoO + 0.1236 Li2SO4 + 0.0337 Li3PO4

0.5000
0.7500
0.9375
0.9391
0.9421
0.9474
0.9600

1.0000
0.3750
0.6875
0.0261
0.0248
0.1579
0.1200

Li3PS4 + 0.2500 Li4P2S6
Li4P2S6 + 0.5000 Li2S
Li2S + 0.1875 P
LiP7 + 0.6696 Li2S
Li3P7 + 0.6364 Li2S
LiP + 0.5789 Li2S
Li3P + 0.4400 Li2S

Poor electronic insulators are indicated with an underline.

insulators (e.g., Co and Co3O4 and Co9S8)42,43 in either the
charged or discharged state.
Unlike LiCoO2, the interfaces between SCEs and other
common electrode materials such as the olivine LiFePO4 and
spinel LiMn2O4 are much less studied. Using the same
methodology, we investigated the phase equilibria between
Li7P3S11 and the charged olivine FePO4 (Figure S3 in the SI)
and charged spinel Mn2O4 (Figure S5 in the SI) cathodes.
Although poor electronic insulators such as FeS2 and MnS2
appear at certain cathode/SCE ratios x, the phases formed close
to the cathode, i.e., with largest values of x, are all fully
electronically insulating phases, which may form good
passivation layers against further reactions.
Electronic Structure. The electronic band gap, which can
be obtained from electronic structure calculations, is often
considered as the upper bound of the intrinsic electrochemical
window for the SCE studied. The electronic band structure of
Li7P3S11 is illustrated in Figure 6a. A minimum band gap of 3.9
eV is found to be indirect from X to N, which suggests that
Li7P3S11 is a wide band gap insulator. Our calculated band gap
also agrees with the value of 3.5 eV previously calculated by
Xiong et al.44 Figure 6b displays the stacked projected density
of states of the compound. The valence band maximum is
mainly contributed to by the p states in S, whereas the p states
in both P and S mostly contribute to the conduction band
minimum. We have also compared the electronic structure of
Li7P3S11 calculated using the PBE functional to that calculated

with the HSE functional. In general, the electronic structure is
similar between the two functionals, except that the PBE band
gap is signiﬁcantly smaller at 2.6 eV, which agrees with the
value of 2.1 eV by Xiong et al.44
Surface Energies and Wulﬀ Shape. Figure 7 shows the
calculated Wulﬀ shape and surface energies of the six low-index
orientations for Li7P3S11. The (100), (101̅), and (010) surfaces
are the most stable with surface energies of 0.1, 0.12, and 0.16
J/m2, respectively. Using the obtained surface energies, the
Wulﬀ construction of Li7P3S11 was carried out for the
equilibrium morphology of Li7P3S11 crystal, as shown in Figure
7. The relative area contributions p(n) = An/Atot for the six
orientations n were also estimated. Here, Atot = ∑nAn is the
total surface area over the six orientations n.
Three orientations, (100), (101)̅ , and (010) contribute more
than 90% of the total surface area of the Wulﬀ shape. The
calculated Wulﬀ shape is in good qualitative agreement with our
cold-pressed sample (Figure 2a), which shows large relatively
isotropic crystals with few facets.
Li+ Conductivity. The theoretically calculated and experimentally measured Arrhenius plot for Li7P3S11 is shown
together in Figure 8a. For the experimentally measured
Arrhenius plot, electrochemical impedance measurements
were conducted where the Arrhenius behavior was calculated
by using the real-axis impedance intercept in the Nyquist plot
as the total impedance (see Figure S7 and S8 in the SI). The
activation energy (Ea) extracted from the theoretically
F
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Figure 8. (a) Arrhenius plots of Li7P3S11 obtained from AIMD
simulations (green triangles) and conductivity measurements of coldpressed sample (blue squares) and SPS hot-pressed sample (red
circles). The Arrhenius plot by Seino et al.5 that shows the highest
room-temperature ionic conductivity of 17 mS/cm to date is also
shown (black circles) for comparison. The ﬁlled triangle corresponds
to the linearly extrapolated room-temperature conductivity from
AIMD. (b) Isosurface of the probability density distribution (dark
blue) P(r) of Li+ ions in Li7P3S11 superionic conductor at 600 K, with
P = 0.001.

Figure 6. (a) Electronic band structure and (b) electronic stacked
projected density of states of Li7P3S11 using HSE hybrid functionals.

than along the other two axes, which is consistent with the
nudged elastic band results of Lepley and Holzwarth.19 The
corresponding room-temperature ionic conductivity (σ(T=300K)) is evaluated as 57 mS cm−1, and the estimated
error bar is between 50 and 65 mS cm−1 . For the
experimentally obtained values, there is a signiﬁcant increase
of σ(T=300K) from the cold-press-sintered (1.3 mS cm−1) to
the SPS pellet (11.6 mS cm−1). This increase in conductivity is
similar to the densiﬁed Li7P3S11 pellets obtained via hot-press
sintering (17 mS cm−1).5 However, the measured ionic
conductivity is signiﬁcantly lower than the one derived from
the AIMD simulations. We will discuss the reasons for this
discrepancy in Discussion. We note that the lattice parameters
predicted by the PBE functional are about 3% higher than the
experimental values. To exclude functional limitations as a
potential source of error, we also performed a full relaxation
and AIMD simulation using the PBEsol functional, which is
known to provide much more accurate predictions of lattice
parameters.46 The PBEsol lattice parameters diﬀer from the
experimental values by only 1%, but the extrapolated roomtemperature conductivity is 60.5 mS cm−1, which is very close
to the PBE value.

Figure 7. Wulﬀ shape of Li7P3S11 constructed using the six low-index
surfaces. The values given at the color bar are the energy scale of the
surface in J/m2. The relative area contributions of the (100), (101̅),
and (010) surfaces are 38%, 29%, and 25%, respectively.

calculated ﬁtting is 187 meV, in excellent agreement with
experimental value of 180 meV for the SPS sample (209 meV
for the cold-pressed sample). The theoretical room-temperature diﬀusivity (D(T=300K)) is obtained by linear extrapolation and is found to be 5.7 × 10−7cm2/s. This is in line with
the previous Li-ion diﬀusion measurements using the pulsedgradient spin−echo (PGSE) nuclear magnetic resonance
(NMR) technique, where the Li-ion diﬀusivity is 10−8−10−7
cm2/s at temperatures of 303−353 K.45 It is worth pointing out
that, in the AIMD calculations at 700 K or below, the onedimensional MSD along the b-axis is nearly a factor of 2 higher
G
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Figure 9. Distinct part of the van Hove correlation function (Gd) for lithium in (a) Li7P3S11 and (c) Li10GeP2S12. The self-part of the van Hove
correlation function (Gs) for lithium in (b) Li7P3S11 and (d) Li10GeP2S12. Both Gd and Gs are functions of the average Li−Li pair distance r and time
step after thermal equilibration at 600 K.

Correlated Li+ Motions and Framework Motions.
Figure 8b shows the probability density distribution (P(r)) of
Li+ at 600 K. It is clear that the diﬀusion pathway forms a 3D
network in which all of the Li+ sites are connected to one
another via empty S4 tetrahedra. Given that the Li sites are fully
occupied in this compound, this suggests that the Li ionic
motion is highly collective, in agreement with previous
experimental45 and computational investigations.47,48 This is
also in contrast to other Li superionic conductors where defects
(e.g., Li+ vacancy) are required to facilitate the Li-ion
diﬀusion.38
The van Hove correlation function (G), which can be divided
into the self part (Gs) and the distinct part (Gd), is often
adopted for investigating the highly correlated ionic motions.
Figure 9a plots Gd for lithium after thermal equilibration in
which a large magnitude of Gd is reached for r < 1 Å soon after t
= 2 ps at 600 K. We relate this to the correlation time scale of
the lithium-ion motions. This is also a strong indication of
collective motions because for a given reference lithium ion at
site r, it shows that other lithium ions move and occupy that
site at later time moments when this reference ion diﬀuses
away. Moreover, Gd is peaked but with smaller magnitude and
more broadened for r between 3.5 and 4.5 Å, and also between
6 and 7 Å. The former is close to the shortest lithium−lithium
distance in the initially relaxed atomic structure (see Figure S9).
The presence of these peaks also implies that on average each
lithium ion is surrounded by some of the other lithium ions
during the entire diﬀusion process. Figure 9b shows the Gs for
lithium as functions of r and t after thermal equilibration
process at 600 K. It shows that Gs remains large for r < 1 Å
before t < 10 ps, and then its value decreases. This suggests that
the lithium ions tend to diﬀuse away from their initial positions
to neighboring lithium sites.

For comparison, the Gd and Gs plots for another superionic
conductor Li10GeP2S12 are presented in Figure 9c,d, respectively. As indicated in Figure 9c, we observe that the time scale
of correlation in Li10GeP2S12 is around 10 ps at 600 K, which is
longer than that of Li7P3S11. Similar to Li7P3S11, there are two
broadened peaks for r (i) between 3 and 5 Å and (ii) between 6
and 7 Å (see also Figure S10). The former region relates to the
shortest lithium−lithium distance in the initially relaxed
structure. Comparing the Gs, we may also note that Li+ in
Li10GeP2S12 has a much higher probability of returning to their
initial positions and staying there for a longer time duration
than in Li7P3S11. These ﬁndings are consistent with the lower
ionic conductivity of Li10GeP2S12 compared to that of Li7P3S11.
We also investigated the motion of the framework ions in the
AIMD trajectories. We ﬁnd no evidence of framework melting
at all temperatures. The P−S bond distances show very small
ﬂuctuations of <0.1 Å during the simulations, whereas S−S
distances within the same tetrahedron show a slightly larger
ﬂuctuation of ∼0.2 Å. S−S distance ﬂuctuations become much
larger for S in diﬀerent tetrahedra. We also ﬁnd that the Pbridging S−P bond angle in the P2S7 ditetrahedra ﬂuctuates by
around 5° in the simulations.

■

DISCUSSION

In this work, we performed a comprehensive DFT and
experimental investigation of the Li7P3S11 glass-ceramic solid
electrolyte. A good solid electrolyte must satisfy several criteria,
namely, phase stability, a wide electrochemical stability, and a
high Li+ conductivity.
In terms of stability, we ﬁnd that though Li7P3S11 is a
metastable phase at 0 K, it becomes stable at above 630 K
(∼360 °C) when vibrational entropic contributions are taken
into account. Our estimated transition temperature of 630 K
H
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(∼360 °C) agrees well with the experimental crystallization
temperature of 553 K (280 °C). However, the predicted phase
equilibria of Li7P3S11 depends signiﬁcantly on the sulfur
chemical potential. When a corrected sulfur energy (to
reproduce experimental formation energies of sulﬁdes) is
used, the predicted phase equilibrium comprises γ-Li3PS4 and
P2S5. When an uncorrected sulfur energy is used, the phase
equilibrium contains Li4P 2S 6 and S. The latter phase
equilibrium is actually more consistent with previous
experimental results, which found Li4P2S6 as one of the primary
decomposition products under certain synthesis conditions at
>633 K (360 °C).12 There are two reasons for this apparent
discrepancy. First, Li4P2S6 is a disordered structure, and thus
may be entropically more stable at higher temperatures.
Second, any sulfur loss at high temperatures would also result
in the latter phase equilibrium becoming signiﬁcantly more
favorable, in line with Le Châtelier’s principle. We believe that,
at lower temperatures, the phase equilibria should indeed
comprise the low-temperature γ-Li3PS4 and P2S5 phases.
Furthermore, both Li4P2S6 and Li3PS4 are observed during
solid-state synthesis of Li2S−P2S5 glass-ceramics.12
In agreement with previous DFT results of Zhu et al.,49 we
ﬁnd that Li7P3S11 is unlikely to be intrinsically stable against
either the cathode or anode. At the Li metal anode, the
predicted products formed are generally reasonable ionic
conductors and poor electronic conductors that should form
a good passivation layer. Somewhat surprisingly, it is the
Li7P3S11/cathode interface that might pose stability issues,
depending on the cathode chemistry selected. For the olivine
LiFePO4 and spinel LiMn2O4, we ﬁnd that the predicted phase
equilibria for the Li7P3S11/charged cathode interface contains
fully electronic insulating, but ionic conducting, phases near the
cathode. These phases are potential candidates for a good
passivation layer, which can stabilize the cathode/Li7P3S11
interface during battery operations. For the layered LiCoO2
cathode on the other hand, we ﬁnd that poor electronic
insulators are present at all stoichiometries, in agreement with
previous experimental studies.41 This suggests that the
Li7P3S11/LiCoO2 interface is unstable against further propagation of the reaction front, and buﬀer layers such as LiNbO3
need to be introduced to improve stability and improve rate
capability.41,50,51 To the authors’ knowledge, there have been
no extensive study done on the interactions between diﬀerent
cathode and SCE chemistries. The DFT results show that the
selection of the cathode chemistry is likely to be of critical
importance in designing an all-solid-state battery.
The results of the AIMD simulations are somewhat
surprising. Though there is excellent agreement between the
computed and experimentally measured diﬀusion activation
energy Ea, the extrapolated conductivity at 300 K of 57 mS
cm−1 is a factor of 3−5 higher than the experimental values,
which are between 11.6 and 17 mS cm−1.5 One possible
explanation for this discrepancy is that there is a phase
transition that occurs between 300 K and the temperatures of
the AIMD simulations. However, the minimum temperature in
our AIMD simulations is 400 K, one of the lowest temperatures
ever performed for a solid-state conductor, and it is unlikely
there is a phase transition between 300 and 400 K that would
signiﬁcantly alter the Li diﬀusion behavior. Our hypothesis
therefore is that the intrinsic bulk Li+ conductivity of the
Li7P3S11 crystal is indeed signiﬁcantly higher than the currently
achieved conductivities thus far, and grain boundary limitations
are responsible for the lower experimental conductivities. In

fact, until recently, the ionic conductivity of Li7P3S11 obtained
in the experiments was only as high as 5.2 mS cm−1.13 It is
through the reduction of grain boundary impedance by
densiﬁcation via hot-press sintering or SPS that the highest
room-temperature conductivities have been achieved thus far
for this material.5 Another recent experiment also showed that
further optimization of the glass-ceramic by reducing the
amorphous glass phase detected via p-MAS could improve the
overall conductivity of the material.52
We further support this hypothesis with the observation that
despite having fairly similar Ea, the measured conductivities of
the cold-pressed and SPS samples diﬀer by more than 1 order
of magnitude. The highly granular morphology of the coldpressed sample is expected to have signiﬁcantly higher grain
boundary resistance than that of the SPS made pellets. Given
that the experimental and computed Ea are all similar, we
believe that the local structure and fundamental diﬀusion
mechanisms are similar in both the amorphous grain boundary
and the bulk phase. We speculate that the vastly diﬀerent
conductivities are therefore due to either a concentration eﬀect
from possible Li depletion at the grain boundaries or a
diﬀerence in the hopping attempt frequency prefactor in the
Arrhenius relation. The testing of these hypotheses will be the
subject of future work.
We attempted to obtain further insights into the topological
reasons for the high Li+ conductivity of Li7P3S11. Consistent
with previous analyses,17,18 the Li probability density
distribution shows that Li+ diﬀusion occurs through interconnected S4 tetrahedra sites. This tetrahedron-to-tetrahedron
hopping in a bcc-like anion framework has been identiﬁed by
Wang et al.53 as a low-barrier mechanism. The van Hove
correlation function analysis also highlights the highly
correlated nature of the Li motion in Li7P3S11, where the site
vacated by a diﬀusing Li+ is rapidly occupied by another Li+,
resulting in a signiﬁcantly lower probability of a “back-hop”
compared to Li10GeP2S12. Also, the Gd of Li7P3S11 is peaked at r
between 3.5 and 4.5 Å during the time period studied, which
corresponds to the average Li−Li separation during diﬀusion.
This is in good agreement with a recent experimental
measurement in which the jump length of Li ions during Li+
migration is estimated at 4.3 Å.48 Finally, we also ﬁnd that
although the framework PS4 tends to remain relatively rigid
throughout the simulations, signiﬁcant ﬂexing of the P2S7
ditetrahedra is observed. This is consistent with the recent
experimental ﬁnding that the motional ﬂuctuations of the
framework polyhedrons contribute to the fast Li-ion diﬀusion.54

■

CONCLUSIONS
To conclude, we have performed a comprehensive computational and experimental investigation of the performance limits
of the Li7P3S11 superionic conductor. Our work has shed
important insights into the phase and electrochemical stability
and Li+ conductivity in this material. We ﬁnd that the stability
of the Li7P3S11/cathode interface depends critically on the
cathode chemistry. Unlike layered LiCoO2 cathode, DFT
calculations predict that the olivine LiFePO4 and spinel
LiMn2O4 cathodes are likely to form more stable passivating
phases with Li7P3S11. Furthermore, while signiﬁcant increase
from cold-press-sintered to SPS pellet was observed due to
densiﬁcation, the predicted bulk Li+ conductivity of Li7P3S11 is
57 mS cm−1, signiﬁcantly higher than the values achieved
experimentally thus far. The signiﬁcant diﬀerence in Li+ of
Li7P3S11 synthesis via cold-pressed sintering and SPS shows that
I
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grain boundary conductivity is likely limiting the overall Li+
conductivity in Li7P3S11. Further optimization of overall Li+
conductivities in Li7P3S11 should therefore be possible.
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