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ABSTRACT OF THE DISSERTATION  

 

Tailoring Nanoscale Properties to Enable Advanced Energy Storage Materials 

 

by 

 

Michael Gabriel Verde 

 

Doctor of Philosophy in NanoEngineering 

 

University of California, San Diego, 2015 

 

Professor Ying Shirley Meng, Chair 

 

The work described herein revolves around two main themes. The first is the 

object of study – batteries. Diverse forms of energy storage continue to evolve as humans 

aim to maximize convenience, efficiency, and sustainability in the progress of modern 

society. Batteries in particular have become entrenched in our day-to-day lives due to the 

proliferation of mobile electronics. The array of potential battery applications, such as 

backup power, electric vehicles, and smart-grids, however, has lead to the development 



 xix 

of many different chemistries and systems, all of which involve highly distinct 

phenomena. This thesis provides an in-depth analysis of two such systems – the lithium-

ion battery and the soluble lead flow battery – to highlight the difficulties in choosing one 

technology for all energy storage needs.  

The second theme aims to challenge the gratuitously positive public perception of 

nanotechnology. An explosion in nanoscience as a distinct field or focus of study has 

occurred with the turn of the century. Many major research institutes now boast having a 

department or center dedicated to the topic. Reputable publishers have created high-

impact journals around the theme. Conferences and funding organizations aim to 

specifically attract scientists contributing towards the subject. Prior to the 21st century, 

however, the buzz around nano hardly existed. Searching Thomson Reuters’ Web of 

Science for titles using the word nano, during the entire 20th century, leads to only a few 

thousand results. In the first fifteen years since, the same search criteria leads to an 

increase of two orders of magnitude more results.   

The high profile garnered by nano-related themes has in large part taken root 

because of the general assumption that untapped and advantageous properties exist at the 

nanoscale. Such properties are relatively overgeneralized, however, and are typically only 

presented in benefiting light. In the case of batteries, the specific nanoscale phenomena 

occurring in each system are distinct; what may be desirable in one electrochemical 

environment may be undesirable in another. This thesis aims to carefully identify and 

characterize the nanoscale processes occurring in the batteries described, to contribute 

more science and less hype to the budding field of nanoscience. 
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Chapter 1  

Introduction  

 

1.1 Energy consumption   

As the human population continues to balloon, finding ways to sustainably 

harvest and distribute the resources of this planet has become a paramount issue. 

Resources able to provide us with energy are particularly important, as it has been 

suggested that the quality of one’s life and evolution of culture in general is directly 

proportional to the degree of energy consumption.1 The desire for and importance of 

energy to our growth has been manifest by the rapid rise in global energy consumption. 

This rate has even exceeded our population growth in the last fifty years.2 Furthermore, 

its pace is set to quicken, as the U.S. Energy Information Administration (EIA) predicts 

that it will increase an additional 56% by 2040.3 The sheer magnitude of consumption is 

staggering. In 2012, 153.6 petawatt-hours were consumed globally.4 The US alone 

consumed 18.1% of that total.  

Figure 1.1 depicts how the U.S. uses that energy, as categorized by source and 

end-use sector. Only 8.1% of this total is generated from renewable sources, such as wind 

and solar. None are utilized by the country’s second largest sector, transportation, which 

consumes 27% of our total. The abundance of petroleum, natural gas, and coal are 

limited. Though technological advancements such as fracking may delay Marion King 

Hubbart’s original Peak Oil predictions, the abundance of these resources are clearly 
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waning.5 In addition, their use leads to forms of pollution, such as CO2, that may 

accelerate global warming. There is great incentive, therefore, to make use of sustainable 

energy storage systems (ESS) in the transportation industry.  

To effectively do so, potential ESSs need to be comprised of inexpensive and 

abundant materials – preferably those that can be recycled.6 They also need to compete 

with the energy density of petroleum, which cannot currently be achieved.7 Lastly, a 

renewable energy infrastructure needs to be implemented in the electric power sector, to 

sustainably charge ESSs used in transportation. This more so enhances the demand for 

ESSs, as they are necessary to optimize the use of intermittent sources such as wind and 

solar on the electric grid.8 Because the functions of ESSs performing on the grid are very 

different than those in an automobile, the ESSs ideal for each sector may not be the same. 

 

 

Figure 1.1 U.S. energy consumption in 2012 categorized by end-use sector. 
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1.2 Energy storage systems 

There exist a wide array of ESSs proposed for use in energy applications. For use 

in electric vehicles (EVs), a primary criterion for the ESS is to possess very high energy 

density. The theoretical energy density of gasoline is 13 kWh·kg-1. Due to tank-to-wheel 

efficiency of about 12.6%, however, the useable or practical energy density of gasoline is 

closer to 1.7 kWh·kg-1.9 Despite the inefficiency, no ESS can currently match this. 

Supercapacitors can reach competitive power densities, upwards of 104 W·kg-1, but 

cannot deliver the energy for an extended period of time.10 Batteries cannot match the 

power of supercapacitors, but reach more comparable energy densities. Electric 

propulsion systems for EVs are able to achieve 90% efficiency, however, state of the art 

commercially available batteries still only exhibit energy densities of 150-200 Wh·kg-1.11 

For these reason, research has been heavily dedicated towards finding materials that 

enable higher power and higher energy density batteries.12 Furthermore, research 

dedicated towards improving the cost and safety of high energy density batteries is also 

being hotly pursued.13  

For grid applications, the energy density of an ESS is considerably less critical. It 

does not need to be mobile or located in a populated area, so its weight and volume are 

relatively trivial. The applications for an ESS on the grid is to assist in operations such as 

electric energy time-shift, area regulation, congestion relief, demand charge management, 

fast ramping, and frequency regulation. Since it may be used to perform a number of 

distinct functions, its durability and flexibility in design and operation are more essential. 

A number of technologies have been proposed, such as flywheels, supercapacitors, 
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compressed air, and hydrogen – each having their own advantages and disadvantages.14-16 

None are as quite as flexible, however, as flow batteries.17  

Flow batteries are unique because they share characteristics of both conventional 

batteries and fuel cells. Figure 1.2 demonstrates the defining difference between each 

electrochemical system. The electrodes themselves compose the electroactive species of a 

conventional battery. Ions formed during redox diffuse into the electrolyte to maintain 

charge balance, but those ions do not have to be the oxidized (O) or reduced (R) species. 

In an MnO2 electrode, for example, Mn4+ is the redox active species being reduced, and 

hydrogen ions (H+) diffuse into the structure upon discharge, to form MnOOH during the 

single electron process.18 A fuel cell, on the other hand, makes use of an electrode as 

current collector only. The oxidized (O) and reduced (R) species are flowed across the 

electrodes, which serve as a substrate for the redox reaction to occur. The system is 

typically open, as the redox species are often not reversible, and are composed of gaseous 

elements such as hydrogen (H2) and oxygen (O2). In addition, the electrodes often contain 

catalysts to lower the activation barrier of the redox reactions.19 The redox active species 

of a flow battery are also not housed within the electrode. They exclusively exist in the 

electrolyte. To overcome diffusion limiting phenomena, they must be continuously 

flowed across the electrodes to undergo redox. They do not leave the system, however, as 

they are stored in tanks, which comprise the flow battery system. This effectively 

separates energy (electrolyte) and power (electrodes) components to provide flexibility in 

design. The energy densities of these systems are inherently low, but their cost and 

durability are quite high.  
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Figure 1.2 Schematic differentiating the basic principle between A) a conventional 
battery, B) a fuel cell, and C) a flow battery.  
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1.3 Lithium-ion batteries 

The lithium-ion (Li-ion) battery was first proposed in the 1970’s, by Stanley 

Whittingham, but did not achieve the high energy density it is known for today until John 

Goodenough introduced the LiCoO2 cathode in 1980.20 The incorporation of graphitic 

anode by Akira Yoshino in 1985 was the next major milestone in the development of the 

modern day Li-ion battery.21 Though lithium metal would be the ideal anode candidate in 

terms of energy density, exhibiting a specific capacity of 3.86 Ah·g-1 and low working 

voltage of -3.01 V vs SHE, the formation of dendrites creates a serious shorting hazard.22 

The electrodes and specific reactions occurring within Li-ion batteries can be extremely 

diverse. What they all have in common, however, is that lithium ions (Li+) diffuse out of 

the cathode and into the anode upon charge, and back out of the anode and into the 

cathode upon discharge. Figure 1.3 illustrates this general working principle. 

Most commercially available Li-ion batteries make use of intercalation electrodes. 

For these materials, Li+ intercalates into and out of a host structure, without drastic 

reorganization of the original bonding framework. For example, the cathode shown in 

Figure 1.3 depicts Li+ layers separated by transition metal ion layers, propagating along 

the c-axis. Upon cycling, Li+ diffuses into and out of the 2D layered arrangement along 

the a-b plane. Carbonate-based electrolytes containing LiPF6 salt are commonly used as 

electrolyte, as they provide the best combination of desirable properties – namely, a high 

dielectric constant, low viscosity, a relatively wide temperature range, and a wide 

electrochemical window.23 Essentially no electrolyte is fully stable at the high operating 

voltages of Li-ion batteries, but their continued operation is made possible by the 

formation of stable solid-electrolyte interface (SEI) layers at the boundary of each 
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electrode and electrolyte.24 To highlight the fact that Li+ may undergo 1D, 2D, and even 

3D diffusion through an electrode host structure, the anode shown in Figure 1.3 

represents Li4Ti5O12 spinel, which undergoes 3D diffusion. The cathode is based upon the 

hexagonal Li[Li2/12Ni3/12Mn7/12]O2 structure. Both of these compounds are discussed in 

greater detail later in this thesis.  

 

 

Figure 1.3 Illustration of Li-ion battery operation. 
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1.4 Soluble lead flow batteries  

 A particularly attractive flow battery system for large-scale applications is the 

soluble lead flow battery (SLFB). This is mainly due to the simplicity in its design, 

leading to quite inexpensive architectures. In typical flow batteries, the electroactive 

species are dissolved in electrolyte, as opposed to existing in the electrodes themselves. 

Due to the incompatible redox chemistry occurring at each electrode, however, most flow 

batteries require two distinct electrolyte solutions, the catholyte and anolyte, being 

isolated from one another by a separator.25 These ion-selective separators are not only 

costly, but are often responsible for eventual flow battery failure, as they are susceptible 

to cross-contamination.26 The SLFB provides a considerable advantage, therefore, by not 

requiring one.   

 A general schematic of a SLFB is shown in Figure 1.4. It shows a single 

electrolyte solution, typically composed of lead methanesulfonate and methanesulfonic 

acid, being pumped from a reservoir and through housing possessing the electrodes. This 

modular design, separating electroactive material from the electrodes and thereby 

separating energy and power components, respectively, is an advantage of flow batteries 

in general, making them highly flexible. The fact that SLFBs possess only one electrolyte 

is significantly more advantageous, however, because in addition to eliminating the need 

for an ion-selective membrane, it eliminates the need for a second pump and all other 

housing and electronics that a second electrolyte would require. The balance of plant for 

a SLFB is, therefore, considerably cheaper than other flow battery designs, which are 

already less expensive than alternatives such as lithium-ion.15 

 The reason SLFBs are uniquely apt to operate using a single electrolyte is because 
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a single species, lead (II) ion (Pb2+), is both oxidized and reduced upon charging the 

battery. The half-cell and full-cell reactions are:    

 

Negative electrode reaction – (E0  = -0.13 V/SHE)   

   

   

Positive electrode reaction – (E0  = 1.46 V/SHE)    

 

 

Full cell reaction –  (E0  = 1.59 V/SHE)   

 

 

Upon charge, Pb2+ dissolved in solution is oxidized into solid lead (IV) oxide (PbO2) at 

the positive electrode and reduced to metallic lead (Pb) at the negative electrode. Upon 

discharge, PbO2 and Pb undergo the reverse redox reaction to dissociate back into, Pb2+. 

This reaction chemistry is distinct from the traditional lead-acid battery, which proceeds 

via a solid-solid redox between lead (II) sulfate (PbSO4) and PbO2/Pb, at the positive and 

negative electrodes, respectively.27 The use of methanesulfonic acid acts to both prevent 

the formation of PbSO4, which can be problematic, as well as provide a “greener” 

alternative to sulfuric acid based electrolyte.28   

Pb2+ Pb+ 2e-
charge

discharge

Pb2+ PbO2 + 2e-
charge

discharge
+ 2H2O 4H+ +

2Pb2+ + 2H2O PbO2 + Pb + 4H+
charge

discharge
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Chapter 1, Section 1.4, contains reprinted material from the article, “Achieving 

high efficiency and cyclability in inexpensive soluble lead flow batteries,” as it appears in 

Energy and Environmental Science, Verde, M. G.; Carroll, K. J.; Wang, Z.; Sathrum, A.; 

Meng, Y. S. 2013, 6 (5), 1573-1581.The dissertation author was the primary investigator 

and author of this paper.  

  

 

Figure 1.4 General schematic of a soluble lead flow battery (SLFB), consisting of an 
electrolyte reservoir, pump, and electrode housing. 
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Chapter 2 

Achieving High Efficiency and Cyclability in Inexpensive Soluble 

Lead Flow Batteries  

 

Here we report significant improvements made in the energy efficiency and cycle 

life of full-cell soluble lead flow batteries (SLFBs). We describe energy efficiency loss 

mechanisms, particularly in context to the deposition of PbO2 at the positive electrode. 

The morphology and crystal structure of deposits formed at the positive electrode, under 

galvanostatic and potentiostatic conditions were characterized using both powder x-ray 

diffraction (XRD) and scanning electron microscopy (SEM). Rietveld refinements were 

performed to quantitatively determine the phase fraction of α- and β-PbO2 formed. In 

addition, electrochemical impedance spectroscopy (EIS) was used to describe the charge-

transfer reaction occurring at the positive electrode during conditions that promote the 

formation of various PbO2 morphologies. These features were used to evaluate and 

predict the long-term cycling stability of SLFBs as well as to diagnose potential problems 

arising during battery operation. We demonstrate that conditions optimized to 

preferentially deposit nanoscale PbO2 leads to long battery lifetimes, exceeding 2,000 

cycles at 79% energetic efficiency. 

2.1 Broader context  

 Motivated by booms in the electronics industry and the increased demand of 

hybrid and electric vehicles, the development of high energy density storage systems has 
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been hotly pursued in recent years. In addition, the economic and geopolitical instability 

of oil, has also accelerated demand in large-scale energy storage systems for use in smart 

grids, to assist in load leveling, peak shaving and frequency regulation for renewable 

energy systems such as solar and wind. For these applications, however, high energy 

density is not necessarily the most determining feature for an energy storage system to 

possess. Considerations such as cost, durability, longevity and flexibility in design and 

operation take precedence since their size and weight in large-scale applications are not 

as restricted. For these reasons, flow batteries have begun to garner a great deal of 

attention. Perhaps the most simple and inexpensive of these is the soluble lead flow 

battery (SLFB). Here we describe critical conditions necessary to achieve extended 

lifetimes, greater than 2,000 cycles, in these batteries.  

2.2 Introduction 

 In a series of recent papers, Pletcher et. al. established much of the work leading 

to SLFBs as they exist today.29-37 Those studies provide a very thorough analysis of Pb 

and PbO2 deposition under an array of conditions, such as electrolyte composition, 

electrode substrate, temperature, and current density. While optimized full-cells operating 

at a current density of 10mA/cm2 could achieve 100-200 cycles, lifetimes dropped below 

100 cycles at 20mA/cm2, with energetic efficiencies between 60-65%.36, 38 Those are 

relatively poor statistics compared to other flow battery technologies, such as vanadium 

redox, however, which are able to boast energetic efficiencies of 80% for over 1,000 

cycles.39 It has been determined that the two major problems associated with SLFBs are 

dendrite growth of Pb at the negative electrode and the partial irreversibility of PbO2 at 
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the positive electrode.30 The use of leveling agents such as sodium lignosulfonate and 

hexadecyltrimethylammonium cation (C16H33(CH3)3N+) have been shown to mitigate Pb 

dendrite formation,31, 33 but overcoming inefficiency at the positive electrode continues to 

be a problem. 

 Optimization of the Pb2+/PbO2 couple at the positive electrode has been a more 

challenging task than of the Pb2+/Pb couple at the negative electrode because of the 

complexity of reactions occurring at the former. This is reflected in the overpotential of 

each half-reaction – being only ~90mV at the negative electrode, but ~450mV at the 

positive electrode. The considerably higher overpotential resulting at the positive 

electrode has been explained in terms of a high concentration polarization by reaction 

intermediates formed there.40 In addition to voltaic inefficiency, current inefficiencies 

partially prevail due to a competing oxygen evolution reaction (OER), at even moderately 

high current densities, typically greater than 50mA/cm2, depending upon the electrolyte 

composition.34 Several possible mechanisms have been put forth as to the nature of the 

OER in this system,40-41 but the most general form is: 

 

(E0  = 1.23 V/SHE)   

  

This undesirable side reaction can be minimized by low current density charging, but a 

considerable degree of current efficiency is still lost because of the incomplete reduction 

of PbO2, upon discharge.29 In many cases, nearly all the lost current efficiency can be 

accounted for by the PbO2 mass left behind on the positive electrode after discharge.36  

2H2O O2 + 4H+ + 4e-
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 The critical nature of this incomplete reduction and the factors contributing to it 

are the focus of this chapter. Previous studies have discussed the likely formation of 

oxygen deficient PbOx species, upon discharge.42 The exact stoichiometry of such species 

are unclear, however, as only qualitative studies suggest 1 ≤ x ≤2.32 Oxygen deficiency in 

PbO2 is prevalent43 and the formation of such species is likely, as models incorporating 

them accurately predict the unique voltage profile of SLFBs.44 In addition to the 

formation of PbOx, two distinct polymorphs of PbO2 are known to form at the positive 

electrode; they are the orthorhombic α-PbO2 and tetragonal β-PbO2. Using XRD, Walsh 

et. al. have described the preferential formation of one polymorph over the other, under a 

variety of conditions.35, 45 They concluded that pure α-PbO2 forms during initial SLFB 

cycling, but a mixture of each polymorph forms upon later cycles, leading to battery 

failure. We offer an alternative hypothesis, however, by performing Rietveld refinement 

on PbO2 XRD and considering effects such as preferred crystallite orientation, size, and 

strain. We propose that efficient and long cycle life is not dependent upon the formation 

of α-PbO2, as has been suggested, but relies much more heavily on the morphology of 

PbO2 formed. We show that both polymorphs are present upon initial cycling and that 

their nanoscale morphology is a more critical and determining feature for battery success. 

We carefully analyze the relation between long-term performance and battery charging 

potential – specifically highlighting the relationship between that potential and the 

morphology of PbO2 formed. In optimizing conditions to preferentially form nanoscale 

PbO2 we show that SLFBs can achieve more than 2000 cycles at 79% energetic 

efficiency 
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2.3 Experimental 

2.3.1 Materials and reagents 

 Electrolyte used in all electrochemical cells were prepared using water from a 

Millipore ICW-3000 system (18MΩcm resistivity), reagent grade lead methanesulfonate 

(Pb(CH3SO3)2), Aldrich 50wt.% in H2O, and ≥99.5% methanesulfonic acid (CH3SO3H), 

Sigma-Aldrich. Electrolyte compositions always consisted of 0.7M Pb(CH3SO3)2 and 

1.0M CH3SO3H, which was chosen to optimize Pb2+ solubility and pH during the 1hr 

charge/discharge windows that batteries were subject to. The solubility and, therefore, 

energy density of SLFBs are intimately related to the electrolyte pH, which can fluctuate 

considerably during cycling; according to reaction (3) it is shown that the concentration 

of H+ in solution increases twice as fast as the oxidation and reduction of Pb2+ into PbO2 

and Pb, respectively.   

2.3.2 Electrochemical testing 

 All full-cell SLFBs were assembled and electrochemically tested by submerging 

graphite electrodes, spread ¼’’ apart, in stirred cylindrical vessels filled with 140mL of 

electrolyte; each electrode had an exposed surface area of 2.5cm x 3.5cm. Both 

galvanostatic and potentiostatic cycling tests were performed using an Arbin BT2000 

battery testing system. Electrodes were consistently subject to a current density of 

20mA/cm2 and discharged to 1.1V. The electrochemical performances of batteries were 

evaluated by three main criteria: 1) Coulombic efficiency (ηC), the ratio of the average 

discharge capacity (Qdischarge) to the average charge capacity (Qcharge); 2) voltaic efficiency 

(ηV), the ratio of the average discharge voltage (Vdischarge) to the average charge voltage 
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(Vcharge); 3) energetic efficiency (ηe), the average discharge energy (Edischarge) to the 

average charge energy (Echarge).  
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2.3.3 Scanning electron microscopy  

 Following electrochemical cycling and prior to other forms of characterization, 

deposited anode and cathode materials were rinsed with deionized H2O while still 

adhered to each electrode. Deposits were dried in vacuum at room temperature. Scanning 

electron microscopy (SEM) was performed on material still adhered to electrodes, with 

no further treatment besides washing with water. Images were collected using a Phillips 

XL30 ESEM at an accelerating voltage of 20kV.  

2.3.4 X-ray diffraction 

 X-ray diffraction (XRD) measurements were performed using a Bruker D8 

advance diffractometer with a Bragg-Brentano θ-2θ geometry and a Cu Kα source 

(λ=1.54Å). Samples were scanned from 10o to 80o with a scan rate of 0.025o per second. 

XRD was performed on deposits that had been scraped off of the electrode and ground 

into a fine powder. A reflection peak for graphite, space group R-3m R, is present in all 

XRD spectra, as it was unavoidable to completely exclude graphite from scraped off 

PbO2 deposits. Removing and grinding PbO2 was necessary in order to quantitatively 
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determine the relative abundance of various PbO2 phases deposited on the positive 

electrode; otherwise, due to texturing of as deposited PbO2, preferred growth orientations 

of specific crystal planes skew XRD peak intensities.46 Rietveld refinement was 

performed using GSAS/EXPGUI software.47   

2.3.5 Electrochemical impedance spectroscopy  

 Electrochemical impedance spectroscopy (EIS) was performed using a Solartron 

1287 system coupled with a Solartron 1260 frequency response analyzer. The full-cell 

SLFBs described above were analyzed using EIS, in conjunction with a third, Ag/AgCl, 

reference electrode. Graphite was, therefore, used as both working and counter 

electrodes. The surface area of exposed electrodes was 2.5 cm x 3.5 cm. The impedance 

of the positive electrode was measured at various fixed potentials, using AC amplitude of 

10mV. Fixed potentials of 1.44, 1.54, and 1.64V vs. Ag/AgCl were applied during EIS 

measurements, without allowing the cell to equilibrate at OCV. Spectra were obtained in 

the frequency range of 10-2 Hz to 105 Hz. Equivalent circuit modeling was performed 

using the ZView impedance software package.  

 

2.4 Results and discussion 

2.4.1 Electrochemical indications of failure 

 A common deterioration mechanism of SLFBs is represented by their 

electrochemical efficiencies (Figure 2.1a). The critical feature in the plot of Figure 2.1a, 

highlighted in green, occurs when the battery nears 90 cycles. At that point there is 
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simultaneous rise in voltaic efficiency and decline of Coulombic efficiency. The rapid 

drop in Coulombic efficiency is not offset by the small increase in voltaic efficiency, 

therefore resulting in an overall decrease in energetic efficiency. This marked “inflection” 

or, simultaneous increase in voltaic efficiency and decrease in Coulombic efficiency, is a 

unique characteristic of SLFBs. It indicates a dramatic decrease in cell performance and 

accelerated failure.  

 To more thoroughly describe the electrochemical characteristics of the battery 

during this sudden change in efficiency, we highlight three points within the green box 

and inset of Figure 2.1a: 1) before the inflection, at the 80th cycle; 2) during the 

inflection, at the 90th cycle; 3) after the inflection, at the 95th cycle. The charge/discharge 

voltage of each of these cycles is plotted in Figure 2.1b. This figure shows that before the 

efficiency inflection, the charge voltage profile consists of a major plateau at ~2.0V. 

Preceding that plateau, but during the same cycle, there exists a sloping region beginning 

~1.75V and a smaller plateau ~100mV higher. The shape of the voltage profile at the 80th 

cycle is fairly representative of previous cycles. Upon approaching the efficiency 

inflection, however, the higher voltage plateau becomes shorter and the sloping region 

becomes longer, as seen in the 90th charge voltage profile. After the inflection, the high 

voltage plateau is no longer met. A major voltage plateau still occurs in the 95th cycle, but 

it has reduced by ~75mV, as indicated by the vertical arrow in Figure 2.2b. 

 The horizontal arrow in Figure 2.1b indicates that the discharge time of the 95th 

cycle has decreased. Before the efficiency inflection, the duration of discharge is 

relatively constant. After the inflection, however, it is consistently lower. The charge time 

and therefore, amount of Pb and PbO2 being deposited on each electrode remains 
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constant in all cycles. The decrease in both discharge time and Coulombic efficiency 

suggests that an increasing amount of unreacted deposit remains on the electrodes after 

each cycle. The accelerated accumulation of these deposits can be physically observed 

after the efficiency inflection. The major feature associated with this capacity loss is the 

depression of the high voltage plateau. Extension of the sloping region during charge 

results in slightly lower discharge overpotentials, as shown by the black and red dotted 

regions in Figure 2.1b. Only when the original position of the high voltage plateau fails to 

be met, however, does the capacity begin to considerably fade. We hypothesize that the 

major problem associated with the depression or elimination of the original voltage 

plateau is a change in PbO2 morphology, which is not conducive to efficient dissolution.  

 We specify formation of PbO2 at the positive electrode because the shape of the 

full-cell voltage is a reflection of the Pb2+/PbO2 half-cell potential. The distinct low and 

high voltage charging regimes are exclusively present in Pb2+/PbO2 half-cell 

measurements.29 In addition, the low voltage regime arises only after PbO2 reduction. 

Several groups have suggested that the reduction of PbO2 into Pb2+ does not reach 

completion.42, 45 It has been proposed that PbO2 is partially reduced into an oxygen 

deficient form of PbO2 (PbOx, 1 ≤ x ≤2.). The low sloping portion of subsequent charge 

voltages may, therefore, be due to more easily oxidized PbOx species into PbO2. The 

mechanism and characterization of incomplete PbO2 reduction has been qualitatively 

explored using electrochemical48 and energy dispersive x-ray spectroscopy (EDS)32 

measurements, but quantitative analysis has yet to be performed. An alternative 

hypothesis proposed by Oury et.al suggests that the low voltage regime is instead due to a 

change in electrode surface area.49 They suggest that the morphology of PbO2 left behind 
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upon discharge increases surface area and effectively decreases the current density and 

resulting over-potential. In either case, further characterization of material deposited at 

low voltage would be invaluable, since extension of the low charging voltage or any 

other mechanism resulting in depression of the initial plateau, leads to very poor 

energetic efficiency.   

 

 

 

Figure 2.1 SLFB electrochemistry. (A) Electrochemical efficiencies of SLFB. Dotted 
region highlights inset, which focuses on 3 specific cycles. (B) Charge/discharge profiles 

of the 3 cycles indicated by inset on left. 
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2.4.2 Characterization of potentiostatically charged cells 

 In order to more directly elucidate the morphological and phase characteristics 

associated with the different voltage regimes, batteries were potentiostatically charged at 

1.8, 1.9, and 2.0V. Figure 2.2 shows the electrochemical characteristics of three batteries 

charged at these fixed potentials, for 1hr. This figure shows both the charging voltage and 

corresponding potentiostatic current-time transients. Following the initial double-layer 

charging current, the current of the battery charged at 1.9V increases exponentially, 

suggesting progressive nucleation.50 The current of the battery charged at 2.0V increases 

very rapidly and linearly, however, suggesting instantaneous nucleation.  Comparing the 

time required to reach maximum current, it is shown how long it takes nuclei to fully 

overlap one another and completely cover the electrode surface.51 This occurs at ~2 

minutes into charging at 2.0V, ~9 minutes after charging at 1.9V, and never happens 

during the 1-hour charging period at 1.8V. These results suggest that at 2.0V, a large 

number of nuclei quickly form and coalesce to create layers of nanoparticles. At lower 

voltages, however, fewer nuclei form and grow, as new nuclei continue to form on the 

electrode surface. This follows a first order approximation of the nucleation law for a 

uniform probability with time.51 

  Interpretations of the potentiostatic current-time transients are supported by 

positive electrode SEM images shown in Figure 2.3. The latter represents particle 

morphologies of PbO2 deposited after the 1hr potentiostatic charge conditions. They show 

that at 1.8V charging, growth is favored, as large pyramidal PbO2 structures were 
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formed. In addition, nuclei have not completely overlapped, as graphite substrate is still 

visible. Particle sizes decreased at 1.9V charging, however, and resulted in a more cubic 

morphology. This specific trend in the shape and morphology of electrodeposited 

materials, as a function of applied overpotential has been demonstrated in similar 

electrolyte and crystal systems.52 At 2.0V charging, a uniform, nanoscale morphology, 

consisting of ellipsoid nanoparticles or “nanorice”,53 was formed. These results are 

consistent with galvanostatically charged batteries as shown in Figures 2.4 and 2.5. Those 

figures show that when a charging potential of 2.0V is met, nanoscale PbO2 is 

consistently formed. Even upon cycling, when larger PbO2 particles are initially formed 

at lower voltages, nanoscale PbO2 is immediately formed on top when 2.0V charging 

resumes. 

 Figure 2.3 shows that trends in particle shape and morphology at each voltage is 

maintained over extended charge periods as well. Longer charge times were necessary at 

low voltages to deposit an appreciable amount of PbO2 for XRD analysis. Whereas a 

capacity of 1.37x10-1Ah is achieved after a 1hr charge at 2.0V, only 2.3x10-3Ah is met 

after 1hr charge at 1.8V. The XRD of PbO2 deposited at each potential is shown in Figure 

2.6. Vertical dotted lines indicate reflections of pure α- and β-PbO2 according to the 

International Crystal Structure Database (ICSD). These two polymorphs are very similar 

to one another, as both are comprised of Pb4+ within distorted octahedral, possess similar 

Pb-O bond lengths, and differ in standard reduction potential by less than 10mV.54  

 Figure 2.6 shows that upon a single charge at 1.8, 1.9, or 2.0V, a mixture of α- 

and β-PbO2 is always formed. Several groups have reported qualitative analyses 

suggesting that β-PbO2 preferentially forms at low charging current densities.35, 45 We 
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performed Rietveld refinement to quantitatively determine that the ratio of α- to β-PbO2 

deposited at 1.8V is 41:59, respectively. At the comparatively higher current density 

applied during 1.9V charging, the ratio of α- to β-PbO2 was determined to be 97:3, 

respectively. Rietveld refined phase fractions, as well as fitted lattice parameters and 

reliability factors, are shown in Table 2.1. It is generally rare, however, to form such a 

high percentage of α-PbO2 in acidic solutions.55 Despite this, literature commonly 

suggests that α-PbO2 forms in equal and to often-greater degrees than β-PbO2 in the 

acidic electrolyte of SLFBs.45 At 2.0V charging, however, it is clear that XRD peaks have 

become significantly broadened. Considering the very small particle sizes formed at 2.0V 

(Figure 2.3), it is not surprising that decreased crystallite dimension and/or strain exist. 

Using FWHM parameters, an estimation of crystallite sizes, based on the Scherrer 

equation, was determined to be 9nm. Due to the slightly lower reduction potential of β-

PbO2, it is possible that it forms smaller nuclei and crystallite sizes before α-PbO2. A 

decrease in β-PbO2 peak intensity does not necessarily imply, therefore, less β-PbO2   

exists – it could mean that β-PbO2 crystallite sizes have simply decreased, relative to α-

PbO2. Indeed when the XRD peaks of α-PbO2 have broadened during 2.0V charging, the 

relative peak intensities are much more proportional to β-PbO2. The largest reflections, at 

~32.0, 36.5, and 49.0o result from the overlap of α- and β-PbO2 peaks. Figure 2.7 shows 

that β-PbO2 is clearly present during initial cycles of galvanostatically charged cells as 

well. These results suggest that maintaining the initial voltage plateau ~2.0V is critical to 

ensure the deposition of nanoscale PbO2, at the same time it is important to point out that 

α-PbO2 is not exclusively present.  
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Figure 2.2 SLFB current-time transients. Voltage (dotted lines) and current-time 
transients (solid lines) of three SLFBs potentiostatically charged at 1.8V (blue), 1.9V 

(red), and 2.0V (black) for 1 hr. 
 

 

 

 

Figure 2.3 SEM images of positive electrode deposits from SLFBs potentiostatically 
charged at (A) 1.8 , (B) 1.9 V, and (C) 2.0V. 
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Figure 2.4 Voltage profile of SLFBs.  Three were galvanostatically charged, but stopped 
during their second charge cycled at three different points – 1.85 V, 1.93 V, and 2.01 V, 

highlighted by the inset.  
 
 
 

 

Figure 2.5 SEM images of positive electrode deposits from galvanostatic cycling. They 
were formed during the 1st cycle at (A) 10 minutes, (B) 15 minutes, and (C) 20 minutes 

into charge, as well as deposits formed during the 2nd charge cycle at the (D) 1.85V 
plateau, (E) 1.93V inflection, and (F) 2.01 V plateau, from SLFBs, galvanostatically 

charged. 
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Figure 2.6 XRD patterns of positive electrode deposits from potentiostatically charged 
SLFBs. They were charged at 1.8V (black), 1.9V (red), and 2.0V (blue), for 1hr. Dotted 
lines represent standard XRD reflections of α-PbO2 (blue) and β-PbO2 (green). Peak at 

26o corresponds to graphite substrate.  

 

 

 

 

 



	
   	
  

	
   	
   	
  

27 

 

 

Figure 2.7 XRD patterns of positive electrode deposits from galvanostatically charged 
SLFBs Top corresponds to spectra of positive electrode deposits from SLFBs 10 (black), 

20 (red), and 30 (blue) minutes into the 1st cycle, charged at 20mA/cm2. Bottom 
corresponds to spectra of positive electrode deposits formed during the 2nd cycle at the 

1.85V plateau (black), 1.93V inflection (red), and 2.01V plateau (blue).  
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Table 2.1 Rietveld refined fit parameters of positive electrode deposits from SLFBs 
potentiostatically charged at 1.8 V and 1.9 V.  
 

 

 

2.4.3 Electrochemical impedance spectroscopy 

 To further describe and gain insight into the electrochemical deposition of PbO2, 

as it relates to the applied overpotential, we performed electrochemical impedance 

spectroscopy (EIS) on full-cells. Using the positive electrode as the working electrode, 

impedance was measured at 1.44, 1.54, and 1.64V vs. Ag/AgCl. These voltages were 

chosen as they correspond to the full-cell potentials described previously – 1.8, 1.9, and 

2.0V. Figure 2.8 represents the Nyquist plots obtained from those measurements, which 

were fit to a base equivalent circuit model, shown in the inset. The equivalent circuit used 

in fitting contains a resistor (R1 – solution resistance) followed by an RC circuit in 

parallel. The RC circuit corresponds to a resistor (R2 – charge transfer resistance) and a 

constant phase element (CPE), which was used in place of an ideal capacitor to 

incorporate changes in the electrode such as surface area. Other groups have reported the 

use of a second RC circuit to incorporate effects of the OER occurring at the positive 

electrode.41 We did not, however, because evidence suggests the OER is a minor side-

reaction occurring in our solution composition and with the relatively low current 

densities applied in our study.34   

 Figure 2.8a shows that at each voltage applied, a single semicircle ensues, 

Charge 
Voltage Phase Fraction Reliability 

Factors 
α-PbO2 Lattice Parameters       

(P 42/m n m) 
β-PbO2 Lattice Parameters 

(P b c n) 
 α β Rwp Rp a b c a b c 
           

1.8V 41.(8) 59.(2) 9.78 6.70 4.97(8) 5.92(3) 5.44(0) 4.95(4) 4.95(5) 3.38(1) 
1.9V 96.(6) 3.(4) 12.70 8.75 4.99(3) 5.93(3) 5.44(8) 4.93(5) 4.93(4) 3.36(7) 
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indicating a single charge-transfer event. As the voltage is increased, the semicircle 

becomes shorter and more depressed. Electron transfer due to the Pb2+/PbO2 half-reaction 

proceeds faster, as the semicircles develop at higher frequencies; at similar positions 

along the semicircles formed by each 100mV increase in overpotential, the AC 

frequencies highlighted are shown to increase by more than an order of magnitude. The 

enhanced reaction kinetics is quantitatively shown in Figure 2.8b, which represents the 

charge-transfer resistance at each voltage.  

 The charge-transfer resistance (R2) is shown to drop off rapidly with increasing 

overpotential, at a rate described by the Bulter-Volmer equation. The SEM images shown 

in Figure 2.8b lend support to the interpretation of nucleation and growth described 

previously, in terms of the relationship between R2 and overpotential. With slow charge-

transfer kinetics and low overpotential, 1.46V vs. Ag/AgCl, nucleation occurs slowly, 

favoring growth before the entire electrode surface is covered with PbO2. At high 

overpotential, 1.64V vs. Ag/AgCl, charge-transfer is two orders of magnitude higher; 

nucleation occurs very fast, as a multitude of small particles form and coalesce before 

growth becomes favorable.   
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Figure 2.8 SLFB EIS plots. (A) Nyquist plots from SLFBs charged at 1.44V, 1.54V 
(blue inset), and 1.64V (green inset) vs Ag/AgCl reference electrode. Select AC 

frequencies indicated by shaded points. Red line indicates equivalent circuit fit using 
model shown by inset. (B) Charge transfer resistance (R2) from fits and associated SEM 

images of PbO2 formed at those voltages.    
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2.4.4 Morphology and efficiency 

 Controlling the size of particles electrochemically deposited on a surface is 

commonly described in terms of their critical radius, which is inversely proportional to 

overpotential.51 Figure 2.9 shows the voltage profile of two batteries potentiostatically 

charged at 1.8V and 2.0V. They were both charged to a capacity of 1.37x10-1Ah and, 

therefore, had the same mass of PbO2 deposited upon charge. As described previously, 

however, the different overpotentials resulted in large particle growth in the former and 

nanoparticle growth in the latter. Each battery was then galvanostatically discharged at 

20mA/cm2. Figure 2.9 shows that the battery initially charged at 2.0V exhibited much 

better discharge capacity than the one charged at 1.8V. While the Coulombic efficiency 

of the former was 95.1%, it was only 57.8% for the latter. This lost capacity resulted from 

the incomplete dissolution of PbO2 into solvated Pb2+. Indeed, the inset of Figure 2.9 

shows that a great deal more mass of PbO2 was left behind on the positive electrode 

initially charged at 1.8V. Of the mass deposited upon charge, 45.0% remained on the 

positive electrode charged at 1.8V, compared to only 2.6% on the battery charged at 

2.0V. These results suggest that by tailoring reaction conditions to specifically form 

nanoparticle PbO2, its dissolution at the positive electrode upon discharge is greatly 

enhanced. In forming larger PbO2 particles, as is the case in conditions encouraging low 

overpotential or poor Pb2+ diffusion, reduction of PbO2 into solvated Pb2+ is severely 

impeded.   

 One condition that is extremely influential to the morphology of PbO2 deposited, 

is flow rate. By submerging graphite electrodes in stirred cylindrical vessels, flow can be 

easily altered by adjusting the stir rate. Figure 2.10 shows the 17th charge profile of three 
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batteries subject to different stir rates. This figure demonstrates that with slow flow, the 

low charge voltage regime is extended. Under high flow rate conditions, however, the 

voltage profile primarily consists of its original plateau at ~2.0V. The SEM images in 

Figure 2.10 show the specific morphology of PbO2 deposited at the end of each 17th 

charge. These images show that the slow flow associated with longer periods of low 

overpotential leads to larger particle formations. Since these large particles do not 

undergo PbO2/Pb2+ dissolution as efficiently, this eventually leads to battery failure. One 

mechanism to prolong battery life and efficiency, therefore, is to increase and optimize 

flow. Indeed, Figure 2.11 shows that batteries operating in this manner, stirred at 700rpm, 

can achieve very impressive performances. This figure shows a SLFB galvanostatically 

charged at 20mA/cm2 for 1hr and discharged to 1.1V, incorporating no additives, which 

cycled more than 2,000 times at an average 79% energetic efficiency. The classic lead-

acid battery has been known to achieve comparable numbers of cycles.39 To our 

knowledge, however, this is the first time soluble lead flow batteries have successfully 

undergone so many cycles at such high efficiency. Recent reports describing “extended” 

cycle lives in SLFBs charged at 10mA/cm2 typically range between 100-200 cycles at 

65% efficiency.36-37 Furthermore, additives such as hexadecyltrimethylammonium cation 

(C16H33(CH3)3N+ or H2O2 have been commonly employed to reach even those modest 

numbers. Our work suggests that the reduction and dissolution of PbO2 into solvated Pb2+ 

is the major hurdle to overcome in achieving long cycle lifetimes. In comparison, the 

dissolution of metallic Pb at the negative electrode is a much more kinetically favorable 

process.29 
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Figure 2.9 SLFB voltages and capacities. Voltage of battery charged at 2.0V (black) and 
1.8V (red) to capacity of 1.37x10-1Ah and discharged to 1.1V at 20mA/cm2. Inset shows 
optical image of electrodes after full discharge – 45% and 2.6% of PbO2 mass remaining 

on left and right electrode, respectively.     
 

 

Figure 2.10 Charge voltage of SLFBs during the 17th cycle. Their electrolytes were 
stirred at 460rpm (black), 230rpm (red), and 0rpm (blue). Inset shows deposit formed at 

the positive electrode of those batteries, A, B, and C, respectively. 
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Figure 2.11 Electrochemical efficiencies of a SLFB. It was charged at 20mA/cm2 for 1hr 
and discharged at the same current density to 1.1V, 2,000 times at an average 79% 

energetic efficiency. 
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2.5 Conclusions 

 Several features associated with SLFB degradation have been reported here. The 

onset of electrochemical failure is marked by a simultaneous increase in voltaic 

efficiency and decrease in Coulombic efficiency. Low Coulombic efficiency leads to both 

reduced cell capacity as well as build up of electrode deposits, which eventually leads to 

shorting. The increase in voltaic efficiency is due to the extension of a low charge voltage 

moiety following the first cycle, as well as a depression of the major charge voltage 

plateau. This has been attributed to the Pb2+/PbO2 redox reaction occurring at the positive 

electrode. Characterization of PbO2 deposits formed under low and high voltage charging 

conditions were performed, therefore, to elucidate the mechanism of efficiency loss.  

 A slightly greater proportion of β-PbO2 was determined to form under low voltage 

conditions, compared to α-PbO2 (in ratio of 59:41). When not taking into account the 

broadening of XRD peaks due to the formation of nanoparticles possessing small 

crystallite size and/or strain, α-PbO2 appears to be formed in excess. At 2.0V charging, 

however, when PbO2 nanoparticles are uniformly distributed across the positive 

electrode, peak broadening in both α- and β-PbO2 phases dominate, and each phase is 

clearly present. Large PbO2 particles were consistently formed at low voltages, in 

contrast to the formation of nanoparticles at higher voltages. We attribute this to the 

faster and lower energy formation of small nuclei during conditions of high overpotential. 

High voltage charging was shown to increase charge-transfer kinetics and lead to 

instantaneous nucleation, as opposed to progressive nucleation and slow kinetics at lower 

charge voltages. The problem associated with depositing large particles is the difficulty in 

achieving efficient dissolution of PbO2 back into solvated Pb2+ upon battery discharge. 
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Nanoparticles are much better suited to accomplish this dissolution reaction. In order for 

SLFBs to emerge as a viable candidate for use in large-scale storage applications and 

compete with alternative technologies such as halogen-halide or vanadium redox 

batteries, they must be able to demonstrate extended cycle life capability. Here we 

demonstrate the conditions necessary to achieve that goal, as we have successfully cycled 

a SLFB more than 2000 times at 79% energetic efficiency. This breakthrough brings the 

low-cost SLFB back on the chart with other flow battery technologies for large-scale 

energy storage. 

Chapter 2, in full, is a reprint of the article from Energy and Environmental 

Science, Verde, M. G.; Carroll, K. J.; Wang, Z.; Sathrum, A.; Meng, Y. S. 2013, 6 (5), 

1573-1581. As described, part of the original introduction was included in Chapter 1. The 

dissertation author was the primary investigator and author of this paper.   
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Chapter 3 

Effect of Morphology and Manganese Valence on the Voltage 

Fade and Capacity Retention of Li[Li2/12Ni3/12Mn7/12]O2 

 

 This chapter describes the electrochemical characteristics of the high voltage, 

high capacity Li-ion battery cathode material Li[Li2/12Ni3/12Mn7/12]O2 prepared using 

three different synthesis routes: sol-gel, hydroxide co-precipitation, and carbonate co-

precipitation. Each route leads to distinct morphologies and surface areas while 

maintaining the same crystal structures. X-ray photoelectron spectroscopy (XPS) 

measurements reveal differences in their surface chemistries upon cycling, which 

correlate with voltage fading.  Indeed, we observe the valence state of Mn on the surface 

to decrease upon lithiation, and this reduction is specifically correlated to discharging 

below 3.6V. Furthermore, the data shows a correlation of the formation of Li2CO3 with 

Mn oxidation state from the decomposition of electrolyte.  These phenomena are related 

to each material’s electrochemistry in order to expand upon the reaction mechanisms 

taking place – specifically in terms of the particle morphology produced by each 

synthetic approach.  
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3.1 Introduction  

 The Li-excess class of cathode materials exhibit high average voltages (3.6 - 

3.8V, reversibly) and capacities nearly twice that of commercially available cathode 

materials (e.g. LiFePO4, LiCoO2, or LiMn2O4).56-57 Despite their fantastic initial 

properties, the cathode suffers from an irreversible degradation process that limits cycle 

life. This degradation has been the subject of extensive investigations in the hopes of 

identifying methods to mitigate these losses.58-62 Lu et. al. first studied in detail the 

nickel-manganese Li-excess materials in 2001.63-64 They described them as being 

isostructural to LiCoO2, which crystallizes in a hexagonal structure (R3m). In addition to 

Li occupying its own layer in 3a sites, it occupied some 3b sites of the transition metal 

layer as a solid solution. In this way, the family can be represented as Li[Li1/3 -

2x/3NixMn2/3-x/3]O2 for 0 < x ≤ ½. Other groups prefer to describe the family as a 

composite, consisting of two components (x)Li2MnO3 • (1-x)LiNi0.5Mn0.5O2.65 The 

fundamental composition of the pristine material is still being debated, as evidence to 

support both the solid solution and two-component models exist.66-67  

 While it is well accepted that in either case Ni is redox active between Ni4+ and 

Ni2+, the role of Mn is subject to greater debate. A variety of X-ray techniques, especially 

X-ray absorption spectroscopy (XAS), have been used to identify and characterize the 

active species within batteries. Park et. al. concluded from the Mn K-edge of Li-excess 

that bulk Mn remained in the Mn4+ state during all states of charge.68 More recently, 

Koga et. al. drew the same conclusion using an operando XAS study.69 The shape of the 

K-edge irreversibly changes upon charge past 4.5V, suggesting that structural 

rearrangement occurs, and complicates the interpretation of a shift. Shifts in certain 
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regions of the edge have therefore been used to imply Mn is indeed redox active.70-71 Ito 

et. al. specifically analyzed the pre-edge to suggest that some Mn was reversibly reduced 

during discharge.72  Carroll et. al. combined transmission mode with total electron yield 

to suggest differences in Mn-valence exist in the bulk and surface.73 In these cases, 

however, it is not clear whether enough Mn is being reduced to explain the large 

reversible discharge capacities observed in these materials. Some species other than Ni 

must be electrochemically active because stoichiometries possessing between ⅓ and ⅕ 

Ni routinely obtain discharge capacities between 200 – 250 mAh g-1; this is significantly 

higher than the theoretical capacity of Ni2+/4+ (128 – 195 mAh g-1).74 Armstrong et al. 

demonstrated the loss of O2 during charge, suggesting lattice oxygen may be oxidized.75  

Yabuuchi et. al. even more thoroughly described oxygen loss, or removal of Li2O, and 

detailed the mechanism of its possible reduction by formation of a superoxide and 

Li2CO3.70  

 In the present paper we aim to correlate the degree of Mn activity within the Li-

excess material Li[Li2/12Ni3/12Mn7/12]O2 with different morphologies and surface areas. 

We also aim to elucidate how changes in Mn valence relate to the possible redox of 

oxygen in the bulk and at the surface – the latter of which has been associated with 

electrolyte decomposition.76 To do so, we synthesized the electrode material following 

three different precursor methods. All were solution-based and include: 1) sol-gel, “SG”; 

2) hydroxide co-precipitation, “HCP”; and 3) carbonate co-precipitation, “CCP”. The 

natures of these methods are quite different from one another, as the intermediates 

formed during their preparation are distinct. Several groups have compared materials 

produced from a given reaction by altering a narrow parameter – for instance, by 
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comparing different calcination temperatures of sol-gel synthesized material,77 different 

concentrations of chelating agent in a carbonate co-precipitation method,78 or by 

adjusting the pH in a hydroxide co-precipitation procedure.79 Those results show that 

even for a given synthetic method, the physical and electrochemical properties of a 

material can differ appreciably.  We offer a comparison across fundamentally different 

synthetic approaches, in order to highlight materials possessing consistent phase and 

stoichiometry, but very different surface compositions and morphologies. Understanding 

these differences enables us to elucidate the role of Mn in the reaction mechanism during 

cycling and predict ways to optimize the electrode properties.  

 

3.2 Experimental 

3.2.1 Sol-gel synthesis   

  All synthesis routes employed deionized water from a Millipore ICW-3000 

system (18MΩ-cm resistivity). Sol-gel (SG) synthesis was adapted using aqueous 

methods previously described for similar transition metal oxides.80 Reagents consisted of 

lithium acetate – Li(CH3COO)�2H2O (99.999%, Sigma-Aldrich), nickel acetate – 

Ni(CH3COO)2�4H2O (99+%, Acros Organics), and manganese acetate – Mn(CH3COO) 

2�4H2O  (99+%, Acros Organics). Stoichiometric concentrations of each metal acetate, 

14/12:3/12:7/12 Li:Ni:Mn, were dissolved in separate beakers containing a 1:1 mole ratio of 

citric acid (99%, Acros Organics), which served as the chelating agent. An extra 5mol% 

Li-acetate was added to its beaker, to account for Li-loss during calcination. The 

concentrations of Li- Ni- & Mn-acetates were kept just below their water solubility 
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limits, 408 g L-1, 182 g L-1, and 773 g L-1, respectively. Ni- & Mn-solutions were dripped 

into a reaction flask, heated to 60˚C using a water bath. The pH of the reaction flask was 

brought to 7 by slowly adding ammonium hydroxide, NH4OH (25%, Acros Organics). 

The metal polymerization reaction was controlled by separately dripping both Li-acetate 

and NH4OH into the reaction flask at a rate necessary to maintain a pH of 7. After 

roughly 6 hrs, the light green sol turned into a dark green gel, which was dried in vacuum 

at 120°C for 24hrs. The dried gel was ground and subject to pre-calcination at 450°C for 

12 hours, using 2°C/min heating rates. The recovered powder was finely ground, 

compressed into pellets, and calcined at 900°C for 9 hours, at 2°C/min heating rates. 

These pellets were furnace-cooled, i.e. brought to room temperature within the furnace by 

turning off heat and waiting for room temperature to be reached naturally. After being 

ground, the sample served as the final SG product.   

 

3.2.2 Hydroxide co-precipitation synthesis  

 The hydroxide co-precipitation (HCP) method was followed directly from Fell et. 

al.74 Double hydroxide precursor was prepared from transition metal reagents, nickel (II) 

nitrate – Ni(NO3)2�6H2O (99%, Acros Organics) and manganese (II) nitrate – 

Mn(NO3)2�4H2O (99%, Acros Organics). Ni- & Mn-nitrates were dissolved in water at a 

mole ratio of 3:7 and concentration of ca. 0.27:0.62M, respectively. This metal nitrate 

solution was slowly dripped, over the course of 2.5hrs, into a basic solution containing 

0.23M lithium hydroxide, LiOH�H2O  (98%, Sigma-Aldrich). The concentration of 

LiOH was chosen in mole ratio of 2.1:1, with respect to the desired Ni3/10Mn7/10(OH)2 

double hydroxide. The reaction was allowed to age for 3 hours after all reagents were 
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combined. The pH of this reaction was not controlled beyond start conditions. 

Additionally, this reaction took place at room temperature. The precipitate was filtered, 

rinsed with water, and dried in air for 10hrs at 180°C. After drying, a stoichiometric 

amount of LiOH (14/12:10/12 LiOH to Ni3/10Mn7/10(OH)2) was ground into the precipitate. 

This ground powder was subject to pre-calcination at 480°C for 12 hours, using a 

5°C/min ramp rate. The powder was ground, compressed into pellets, and calcined at 

900°C for 12 hours, at a 5°C/min ramp rate. These pellets were furnace cooled and 

ground, serving as the final HCP product. 

 

3.2.3 Carbonate co-precipitation synthesis  

 Carbonate co-precipitation (CCP) method was drawn from Zhang et. al.81 and 

Wang et. al.82 CCP precursor was prepared from nickel (II) sulfate – NiSO4�6H2O (99%, 

Sigma-Aldrich) and manganese (II) sulfate – MnSO4�H2O (99%, Sigma-Aldrich). Ni- & 

Mn sulfates were dissolved in water at a mole ratio 3:7 and concentration of 0.21:0.48M, 

respectively. A second solution composed of sodium carbonate – Na2CO3 (99.5% Sigma-

Aldrich), in 1:1 mole ratio with Ni & Mn, and 0.3M NH4OH, was also prepared. Both 

solutions were slowly dripped, over the course of 3.0hrs, into a reaction flask heated to 

60˚C using a water bath. The relative rates of each solution were combined so that a pH 

of 7.5 was maintained. The reaction was stirred for 12 hours after all reagents were 

combined. The Ni3/10Mn7/10CO3 precipitate was filtered, washed with water, and dried 

under vacuum at 80°C for 24hrs. After drying, a stoichiometric amount of LiOH 

(14/12:10/12 LiOH to Ni3/10Mn7/10CO3) was ground into the precipitate. This ground powder 

was subject to a pre-calcination at 600°C for 15 hours, using a 5°C/min ramp rate. The 
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powder was again ground, compressed into pellets, and calcined at 900°C for 15 hours, at 

a 5°C/min ramp rate. Once furnace cooled, these ground pellets served as the final CCP 

product. 

 

3.2.4 Bulk characterization  

 Calcination temperatures were based upon mass-loss profiles, generated using 

thermogravimetric and differential thermal analysis, via a Perkin-Elmer Diamond 

TG/DTA instrument. The particle morphology of pristine Li-excess was determined 

using a Philips XL30 environmental scanning electron microscope (ESEM), with an 

accelerating voltage of 20 kV. The crystal structure of materials was identified by X-ray 

diffraction (XRD), acquired using a Bruker D8 advance diffractometer with a Bragg-

Brentano θ-2θ geometry and a Cu Kα source (λ = 1.54 Å). Samples were scanned from 

10˚ to 80˚ at a scan rate of 0.025˚ s-1. Rietveld refinement was performed using FullProf 

software.83 Both inductively coupled plasma –mass spectrometry & –optical emission 

spectroscopy were used to determine the stoichiometry of Li, Ni, and Mn in the 

synthesized materials. ICP-MS was performed using a Thermo Finnigan Element 2 

plasma mass spectrometer, while ICP-OES was performed using a PerkinElmer 3700 

optical emission plasma spectrometer. ICP-MS Li, Ni, and Mn standards  consisted of 1 

mg mL-1 in 2% HCl, Acros Organics. Nitrogen physisorption was used to determine 

surface areas by incorporating the Brunauer-Emmett-Teller (BET) method. 

Measurements were performed using a Quantachrome Instruments Autosorb 1C 

physisorption analyzer.  Approximately 1 grams of material was dried at 300oC under 

vacuum for 4 hours prior to BET measurements. 
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3.2.5 Electrochemical characterization  

 Electrochemical properties were measured using Li-excess composite cathodes 

assembled into 2016 coin cells. Composite electrodes consisted of 

Li[Li2/12Ni3/12Mn7/12]O2 active material, acetylene carbon black, and polyvinylidene 

fluoride (PVDF), in weight ratio of 80:10:10, respectively. Slurries were prepared by 

extensively mixing the three components in 1-methyl-2-pyrrolidone (NMP, 99% extra 

pure, Acros Organics). Slurries were cast on Al-foil using a doctor blade and dried in 

vacuum at 80˚C for 12hrs. Disc electrodes, 1 cm2, were punched out and dried again for 

6hrs (in air) before being brought into an Ar-filled glove box (O2,H2O < 1 ppm). The 

mass of active material cast was between 4 and 5 mg. Li-metal discs were used as anode 

and 1M LiPF6 in ethylene carbonate and dimethyl carbonate, EC:DMC in 1:1vol ratio, 

was used as electrolyte (3-4 drops from a 3mL plastic transfer pipette). Two sheets of 

Celgard polymer film (C480, Celgard Inc.) were used as separator. The added thickness 

of an extra sheet provides improved electrochemical stability.  

 Coin cells were allowed to rest and equilibrate for 1.5 hrs before electrochemical 

tests were performed. Galvanostatic experiments were carried out using an Arbin BT2000 

battery testing system. The voltage range was maintained between 2.0 – 4.8 V. C-rates 

were calculated by assuming a theoretical specific capacity of 250 mAh g-1; more 

regarding the theoretical capacity is described in the results and discussion below. 

Cycling was conducted at constant current charge and discharge rates of C/20. Rate 

studies were performed by charging at C/20 to 4.8V and subsequently discharging at 

C/20, C/10, C/5, C/2, or 1C to 2.0V. In order to avoid contributions from capacity fade 

upon cycling, only the first discharge capacity at each rate is reported.    
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3.2.6 Surface characterization   

The chemical compositions of Li-excess composite electrode surfaces were 

analyzed before and after cycling, using X-ray photoelectron spectroscopy (XPS). 

Cathodes measured before cycling were assembled into coin cells and exposed to 

electrolyte for 2-3 days prior to analysis. These soaked cathodes are referred to as “0 

cycles” in the analysis and figures that follow. Cycled samples were charged and 

discharged 10 times, at a rate of C/20. All samples were measured in the discharge state. 

Cells were disassembled in an Ar-filled glove box, with precaution not to short them. 

Cathodes were rinsed several times with DMC, and once dry, were loaded into a custom 

airtight chamber for direct transfer into the spectrometer; samples were never exposed to 

air. The XPS chamber was maintained at < 10-8 Torr during measurement. A PHI 3056 

spectrometer possessing a hemispherical detector 54.7˚ off normal and dual Mg and Al 

anode source, operating at 15 kV and 350 W, was used for all analyses. High-resolution 

scans of the Ni2p region are reported using the Mg source; all other regions were derived 

from the Al source. High-resolution scans were acquired using pass energy of 23.5 eV 

and a step size of either 0.05 or 0.075eV. Each high-resolution scan was preceded by a 

high resolution C1s scan, to account for charge build up. The main C1s peak was 

calibrated to carbon black, 284.6 eV, as was the following high resolution scan. Peaks 

were deconvoluted using Gaussian-Lorentzian line shapes and Shirley background 

subtractions, using CasaXPS processing software.       
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3.3 Results and discussion 

3.3.1 Bulk characterization  

  There are dramatic differences in each material’s energy and reaction steps, as 

the TG/DTA data show in Figure 3.1, indicating significantly different processes 

occurring during Li[Li2/12Ni3/12Mn7/12]O2 formation.  For example, between 200°C and 

400°C, about 80% by mass of gel synthesized via SG was lost. This drastic mass-loss is 

due to the high concentration of large molar mass reagents such as acetate anion and 

citric acid, which are evaporated in that respective order. There is a large exothermic 

peak associated with these two mass-loss events, Figure 3.1a.  In comparison there is 

only a 5% mass loss for the HCP precursor after the initial loss of H2O (<100 oC). This 

reflects the fact that the elemental composition of precursor is very similar to the final Li-

excess layered product. The XRD pattern of this precursor, Figure 3.2a, shows that it is 

primarily composed of spinel, similar to Mn3O4. This is consistent with results from Zhao 

et. al. who showed that as x decreases in NixMn1-x(OH)2, particularly when x < ½, the 

structure of dried precursor adopts a spinel phase.83 The TG/DTA data collected for the 

CCP precursor mixed with stoichiometric LiOH shows a larger mass-loss event after H2O 

removal, relative to HCP precursor, Figure 3.1c. This event, between 300°C and 400°C, 

is due to reaction and removal of the CCP precursor’s carbonate moiety. Another possible 

contribution may be due to incorporated reagent salts, which have greater molar mass for 

CCP compared to HCP, -SO4 vs –NO3, respectively. XRD data collected for CCP 

precursor, Figure 3.2b, shows its phase corresponds well with trigonal (R3c) MnCO3.  

This is consistent with results reported by Wang et. al.84    

 Despite undergoing markedly different phase transformations, the final crystal 



	
   	
  

	
   	
   	
  

47 

structure of SG, HCP, and CCP products were quite similar to one another. Figure 3.3 

shows that after calcination, each material can be indexed to the hexagonal crystal system 

α-NaFeO2. The peak separation and shape of 006/012 and 018/110 reflections, 

highlighted in Figure 3.3, indicate the formation of well-ordered layered structure.81 

Though the major reflections are routinely associated with rhombohedral LiMO2 (M = 

Ni, Co, Mn, Cr, etc.) structure, space group R3m, this cannot account for the small peaks 

observed between 20 – 30° 2θ. This region has been commonly attributed to Li and 

Mn/Ni ordering of √3a x √3a superstructure within the transition metal layers. Proponents 

of the two-component system suggest these reflections arise from discrete domains of 

Li2MnO3 possessing C2/m symmetry;85 those Miller indices are highlighted in the 

enlarged insets of Figure 3.2a.   Regardless of its fundamental composition, Figure 3.3 

shows that through the use of standard XRD, no difference between SG, HCP, and CCP 

products can be detected. All peak positions are well aligned and their relative intensities 

are quite similar. 

 Table 3.1 confirms that qualitative interpretation of the similarity in these XRD 

spectra are supported quantitatively by Rietveld refinement. The a- and c-lattice 

parameters for each material were determined to be within 0.1% of one another. The 

refined doping of Ni2+ on the Li+ site (3a) were similar, 4.2%, 3.5%, and 3.6% for the SG, 

HCP, and CCP materials, respectively. Since XRD were fit to space group R3m, the 

region between 20.0° – 22.5° 2θ was excluded in order to reduce the conventional 

Rietveld R-factor, Rwp,. Bragg factors, RB, were all below 7.  

 Despite their similar crystal structures, the three materials adopt significantly 

different morphologies. Figure 3.4a shows that SG product consists of a highly 
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homogenous network of nanoparticles, about 200nm in diameter. HCP product on the 

other hand (Figure 3.4b) is composed of irregular particle morphology. Though its 

primary particles typically have diameters around 250nm, its secondary morphology 

vastly ranges in shape and size. CCP material predominantly consists of spherical 4 – 5 

µm secondary morphologies, which are composed of 400 – 500 nm primary particles. 

The morphological differences between SG, HCP, and CCP products led to quite 

different surface areas as well. Those values (Table 3.2) show that SG material had a 

surface area twice as large (17.33 m2/g) as material produced from HCP and CCP 

methods (8.27 and 8.13 m2/g, respectively). Experimentally determined stoichiometries 

of each material, Table 3.2, are the same as one another, and to the theoretically desired 

ratio of Li[Li2/12Ni3/12Mn7/12]O2. While XRD, Rietveld refinement, and ICP results 

suggest the crystallinity and stoichiometry of these materials are highly similar, their 

morphologies and surface areas are clearly not. These differences may, therefore, 

strongly correspond to electrochemical differences between the three compounds.  
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Figure 3.1 TG (left axes, black) and DTA (right axes, blue) curves of precursors 
synthesized by (a) SG, (b) HCP, and (c) CCP methods. 
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Figure 3.2 XRD patterns of (a) HCP and (b) CCP precursors, prior to calcination and Li-
addition. HCP peaks indexed to I 41/a m d phase Mn3O4 and CCP peaks indexed to R3c 

phase MnCO3. 
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Figure 3.3 (a) Normalized XRD spectra of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG, 
HCP, and CCP methods. Solid and dotted gray lines correspond to R3m and C2/m 
reflections, respectively. (b) Enhanced view showing separation and shape of each 

material’s 006/012 and 018/110 peaks. (c) Representative Rietveld refinement of SG 
material fit to space group R3m. 
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Figure 3.4. SEM images of Li[Li2/12Ni3/12Mn7/12]O2 prepared by (a) SG, (b) HCP, and (c) 
CCP methods. 

 

 

 

 

Table 3.1 Rietveld fit parameters of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG, HCP, and 
CCP methods.   

Material a 
(Å) 

c 
(Å) c/a z(O) n Ni in 

Li layer Rwp RB 

SG 2.863(0) 14.255(2) 4.979 0.243(6) 0.04(2) 1.98 6.09 
HCP 2.859(8) 14.255(8) 4.985 0.242(6) 0.03(5) 2.16 6.47 
CCP 2.861(5) 14.253(9) 4.981 0.243(6) 0.03(6) 2.40 5.47 

 

 

Table 3.2 Surface area and stoichiometry of Li[Li2/12Ni3/12Mn7/12]O2 determined by BET 
analysis and ICP-OES/MS, respectively. 

Material 
 

Stoichiometry 

 Surface Area 
(m2 g-1) Mn:Ni Li:(Mn+Ni) 

Theoretical  2.33 1.40 

SG 17.33 2.3(5) 1.4(1) 

HCP 8.27 2.3(7) 1.4(8) 

CCP 8.13 2.3(3) 1.4(5) 
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3.3.2 Electrochemical characterization  

 The first cycle voltage profiles of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG, HCP, 

and CCP methods are compared in Figure 3.5a. All charge potentials consist of an initial 

sloping region, followed by a plateau at about 4.5V vs Li/Li+. The inset of differential 

capacity, dQ/dV, highlights the plateau at this potential (largest peak). The first region 

has been commonly ascribed to the oxidation of Ni2+ to Ni4+, while the origin of the 

plateau has been the subject of much greater debate.86 Mn4+ present in the pristine 

compound is not thought to undergo oxidation to higher valence states.87 The high 

capacities of layered Li-excess are not possible by redox of Ni alone, however, so an O2-

/O2 or O2-/O- redox couple has been proposed to account for the additional capacity.75 

Theoretical capacity from the removal of 100% Li+ within the pristine structure is 360.1 

mAh g-1.  Figure 3.5a shows that SG material nearly reaches this capacity, but suffers 

from high retention loss as a consequence – exhibiting first charge and discharge 

capacities of 358.5 and 257.9 mAh g-1, respectively. CCP material could accommodate 

less charge capacity, but delivered a nearly equivalent discharge capacity, resulting in 

much higher Coulombic efficiency overall. While the charge capacity of HCP material 

was nearly equal to that of CCP, its discharge capacity was much lower, resulting in the 

lowest among the three.  

 In order to pinpoint which reactions are responsible for these differences, we first 

define them more explicitly. As mentioned previously, the initial charge proceeds by Ni 

oxidation (up to 4.5V). Using solid-solution notation the following may be used to 

describe reaction 1:  
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Li[Li2/12Ni2+
3/12Mn4+

7/12]O2  à  Li1/2[Li2/12Ni4+
3/12Mn4+

7/12]O2  + 0.5Li+ + 0.5e-             (1) 

 

This step yields a theoretical capacity of 154.3 mAh g-1. Deintercalation of all remaining 

Li results in a theoretical capacity of 205.8 mAh g-1. If we assume that this second step 

proceeds by oxidation of O2- to O2 , not excluding the possibility that O2- oxidizes to O- as 

an intermediate species, then reaction 2 may be written:  

 

Li1/2[Li2/12Ni4+
3/12Mn4+

7/12]O2  à  Ni3/12Mn7/12O2-(0.34) + 0.67Li+ + 0.67e- + 0.17O2        (2) 

 

The theoretical capacities of each reaction are depicted by dotted lines in Figure 3.5b. 

Figure 3.5b provides an analysis of each material’s first cycle capacity in terms of the 

specific reactions contributing to them.  The experimentally determined capacity 

resulting from Ni-redox in reaction 1 is taken to be the capacity up to the local minimum 

voltage of the dQ/dV plot, 4.38V, preceding the plateau peak. The remaining capacity is 

attributed to reaction 2, plotted as the upper bar in Figure 3.5b. Therefore the capacity 

from reaction 2 corresponds to 205.1, 155.7, and 187.3 mAh g-1 for SG, HCP, and CCP 

materials, respectively. Recalling the morphology of each, the length of plateau or degree 

of reaction 2 was greatest when particle size and surface area was smallest, in SG. When 

very large particles were present, as in HCP, reaction 2 was inhibited, compared to 

reaction 1.  

 While the distinctions between reactions 1 & 2 are quite obvious in the 1st charge 

they are not as evident during discharge. Three peaks are observed in the dQ/dV 

discharge profile (inset), implying several unique reduction reactions occur. XAS studies 
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of Li-excess by Park et al. indicates that by 3.6V during the discharge, the Ni4+ has 

already been completely reduced to Ni2+.68 Discharge capacity of pure LiNi0.5Mn0.5O2, by 

reduction of Ni4+ to Ni2+, is not typically observed below 3.6V, as well. Due to this 

significance, we differentiate discharge capacity occurring above and below the inflection 

near 3.6V, by the lower and upper blue bars in Figure 3.5b, respectively. Reduction of a 

species besides Ni4+ must occur above this voltage, however, because it is possible for the 

discharge capacity above 3.6V to be greater than the charge capacity resulting from 

reaction 1. For example, CCP material exhibited 115.2 mAh g-1 prior to the 4.5V charge 

plateau, but 140.6 mAh g-1 prior to 3.6V upon discharge. We therefore designate the 

lower blue bar in Figure 3b as originating from products formed by reactions 1 and 2 

(Rxn 1’ & 2’), while the upper blue bar results solely from reduction of reaction 2 

products (Rxn 2’).  

 Figure 3.6 demonstrates changes in capacity and voltage during the initial 10 

cycles of each material. It is clear from this figure that SG material experiences the worst 

capacity fading, followed by CCP and then HCP. Figure 3.6d differentiates the two 

discharge regimes during the first 10 cycles. It shows that all the capacity fade occurs 

before the inflection around 3.6V. Below this voltage, the capacity actually increases, 

which is more explicitly demonstrated in Figure 3.7. The position of the inflection also 

changes, which is demonstrated by the shift in the lowest voltage dQ/dV peak to even 

lower values. The first two dQ/dV peaks, near 4.30V and 3.75V, do not shift appreciably 

– reflecting the fact that there is almost no voltage drop in the 1st discharge region. The 

entire voltage drop is present in the 2nd, low voltage regime. The degree of this drop is 

highlighted (gold) in Figure 4d, and was 105, 50, and 130mV for SG, HCP, and CCP 
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materials, respectively. The amount of voltage fading for SG was twice that of HCP, 

therefore, and for CCP was nearly three times that of HCP. The decrease in voltage is 

proportional to the magnitude in capacity of the second region. CCP material exhibited 

the highest capacity in the second region, followed by SG and then HCP materials. In 

other words, the larger the discharge capacity below 3.6V, the greater was the voltage 

drop. This suggests that product generated in reaction 2 is responsible for voltage fading 

in this material.  

 Figure 3.8 compares the overall capacity retention and Coulombic efficiency of 

each material. It is shown that CCP material exhibits the best overall retention and 

efficiency. Among the three materials, it also shows the highest proportion of low voltage 

capacity. Reduction of electrolyte to Li2CO3 may partially contribute to this discharge 

capacity, as is further described below. Though there is some degree of capacity fading 

within the Ni-redox regime, the comparatively large activation of reaction 2 components 

leads to much higher retention and Coulombic efficiencies. SG material, on the other 

hand, allows for higher overall charge capacities, but worse fading and efficiency. While 

SG nanoparticles may lead to relatively poor cyclability, its first discharge rate capability 

is still superior to larger particles, as shown by Figure 3.8.   
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Figure 3.5 First cycle electrochemical performance of Li[Li2/12Ni3/12Mn7/12]O2  (a) First 
cycle voltage profiles of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG, HCP, and CCP 

methods; inset represents dQ/dV (y-axis) of those same profiles. (b) Breakdown of each 
material’s first cycle capacity; bottom and top dotted regions of each bar correspond to 

theoretical capacities possible from reactions described in text. 
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Figure 3.6. First 10 electrochemical profiles (minus 1st charge) of 
Li[Li2/12Ni3/12Mn7/12]O2 prepared by (a) SG, (b) HCP, and (c) CCP methods; insets 
represent dQ/dV (y-axis) of those same profiles. Arrows indicate increasing cycle 

number, from light to dark shading. (d) First 10 discharge capacities, with same color 
scheme (i.e. 1st discharge, lightest blue and 10th discharge, darkest blue), broken down by 
capacity contributing above (Rxn 1’ & 2’) and below (Rxn 2’) the ~3.6V inflection point; 

right axis (gold) corresponds to voltage drop within each specific regime. 
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Figure 3.7 First 10 cycle discharge capacities of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG, 
HCP, and CCP methods. Capacities separated by the voltage inflection ~3.6V vs Li/Li+, 
referred to within inset as “Rxn 1* & 2*” (above ~3.6V) and “Rxn 2*” (below ~3.6V). 
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Figure 3.8 Retention and efficiency of Li[Li2/12Ni3/12Mn7/12]O2. (a) Charge (solid 
symbols) and discharge (open symbols) capacity retention of Li[Li2/12Ni3/12Mn7/12]O2 

prepared by SG, HCP, and CCP methods, over the first 10 cycles. (b) Coulombic 
efficiency of each material over the course of the same 10 cycles. 
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3.3.3 Surface characterization  

 The surface of each material was analyzed before and after 10 cycles using XPS, 

without exposure to air, as described in the experimental section above. Figure 3.9 shows 

that the C1s spectra of all materials are largely dominated by carbon black, at 284.6 eV. 

Before cycling, contributions from -CH2- polymer in PVDF binder at 285.7  eV are 

clearly defined. After 10 cycles, however, the peak is broadened by the formation of C-O 

(286 eV), C=O (287.7 eV), and C-H (284.9 eV) species, formed due to reaction with 

electrolyte.88 The peak at highest binding energy, 290.5 eV, is associated with C-F in 

PVDF. It likely broadens upon cycling due to the formation of Li2CO3 (290.0 eV) upon 

discharge.89 Even before cycling, this peak is relatively broad for the HCP material, 

which may be due to interaction between the active material and PVDF. Li on the surface 

of LiNi0.5Mn0.5O2 has been shown to interact with PVDF to form LiF.90 This is supported 

by the F1s spectra of Figure 3.10, which shows that its intensity of LiF is relatively high, 

compared to PVDF.  

 Figure 3.11 shows each material’s Mn3s regions. Galakhov et. al. demonstrated 

that splitting between the main Mn3s peak and its satellite are highly sensitive to the Mn 

valence state – in general, the larger the splitting, the lower its oxidation state.91 Splitting 

of transition metal 3s XPS spectra occurs due to exchange coupling between the 3s hole 

and 3d electrons. Analysis of this region is attractive because it is not subject to overall 

binding energy shifts, due to phenomena such as charge build up. The difference in 

binding energy between those peaks (ΔE) has been used to approximate the average Mn 

oxidation state (AOS) by the equation, AOS = 8.956 – 1.126 ΔE.92 Figure 3.11 shows 

that the peak separations of SG, HCP, and CCP materials before cycling are identical to 
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one another. After 10 cycles, however, the splitting increases from HCP to SG and CCP. 

Those values, 4.87, 5.07, and 5.29 eV, correspond to average oxidation states of Mn3.5+, 

Mn3.2+, and Mn3+, respectively. The Mn3p region shown in Figure 3.12 also supports this 

trend. Before cycling, the major peak comprised of both Mn3p3/2 and Mn3p1/2 are all in 

line with one another, and correspond to Mn4+.93 After 10 cycles, however, the peaks of 

HCP, SG, and CCP progressively shift to lower binding energy – the latter of which 

corresponds to Mn3+.93  

  Figure 3.12 also highlights the Li1s region, which is composed of two distinct 

peaks. The one at lower binding energy (54.5 eV) is indexed to Li in 

Li[Li2/12Ni3/12Mn7/12]O2 lattice, while the higher binding energy peak (56.5 eV) is 

commonly associated with LiPF6 electrolyte salt and LiF.94 Shifts in the LiPF6 peak to 

lower energies upon cycling indicates the generation of its decomposition products, such 

as LixPFyOz.90 The fact that SG material shows this shift before cycling suggests its 

surface promotes these reactions, which could contribute to its poor Coulombic 

efficiency. CCP material on the other hand shows the smallest shift and exhibits the best 

cycling efficiency. The relative intensity of its Li1s peaks is the only among the three 

materials, which does not decrease significantly. This may be due to greater formation of 

Li2CO3 there, which the O1s XPS spectra in Figure 3.13 also support. The single peak 

found at 529.7 eV is indexed to Li[Li2/12Ni3/12Mn7/12]O2 lattice oxygen. The broad peak at 

higher binding energy is comprised of several oxygen-containing groups, however, 

including Li2CO3 at 532.2 eV.70 Its intensity relative to lattice oxygen is shown to 

disproportionately increase in CCP material. Furthermore, it is slightly more shifted 

towards Li2CO3, than HCP and SG materials.    
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 To summarize, Mn reduction is shown to occur to a larger extent in order of HCP, 

SG, and then CCP materials. Shifts in Mn2p XPS spectra due to valence state changes are 

notoriously subtle, which is why analysis of the Mn3p and Mn3s regions were 

performed.95 Those small shifts in the Mn2p region are also shown, however, in Figure 

3.14. A greater extent of Li2CO3 is formed in this same order as well; the O1s peak area 

containing Li2CO3 increases upon cycling by 8.1, 8.8, and 11.4%, in HCP, SG, and CCP 

materials, respectively. The relatively high degree of these reduction reactions in CCP 

material appears to also have influenced the valence of Ni. Figure 3.15 shows that the 

Ni2p peak of each material corresponds to Ni2+ before cycling. After 10 cycles, however, 

the Ni2p3/2 and Ni2p1/2 peaks are very slightly shifted to higher binding energy, 

suggesting that Ni at the surface may not have been fully reduced upon discharge. The 

Ni3p regions in Figure 3.16 also support the lack of full reduction.  

 

 

Figure 3.9 XPS C1s regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), HCP 
(middle), and CCP (top) methods, before (left) and after 10 cycles (right). 
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Figure 3.10 XPS F1s regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), HCP 
(middle), and CCP (top) methods, before (left) and after 10 cycles (right). 

 

 

 

Figure 3.11 XPS Mn3s regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), 
HCP (middle), and CCP (top) methods, before (left) and after 10 cycles (right). Cyan 

peak is a satellite due to final-state screening of the excited photoelectron.96 
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Figure 3.12 XPS Mn3p and Li1s regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG 
(bottom), HCP (middle), and CCP (top) methods, before (left) and after 10 cycles (right). 

Red line corresponds to peak positions before cycling. 
 
 

 

Figure 3.13 XPS O1s regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), HCP 
(middle), and CCP (top) methods, before (left) and after 10 cycles (right). 
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Figure 3.14 XPS Mn2p regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), 
HCP (middle), and CCP (top) methods, before (left) and after 10 cycles (right). 

 
 

 

Figure 3.15 XPS Ni2p regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), HCP 
(middle), and CCP (top) methods, before (left) and after 10 cycles (right). 
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Figure 3.16 XPS Ni3p regions of Li[Li2/12Ni3/12Mn7/12]O2 prepared by SG (bottom), HCP 
(middle), and CCP (top) methods, before (left) and after 10 cycles (right). 
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 3.3.4 Capacity and voltage fading 

Oxygen evolution upon the initial charge was described in reaction 2 to result in 

lattice oxygen vacancy. Owing to the high instability of MO5 environments (M = Ni4+, 

Mn4+
), however, Tran et. al. have proposed that oxygen loss may preferentially occur at 

the surface, followed by transition metal migration into Li-ion vacancies, which results in 

densification at the surface to maintain overall charge balance.97 Filled Li sites prevent 

full Li-reintercalation upon discharge, thus contributing to the 1st cycle irreversible 

capacity. Xu et. al. has shown that the surface of Li-excess materials undergo structural 

rearrangement to a spinel-like phase and Fell et. al. described microstrain and cation 

rearrangement at the surface of these materials as well.98-100 These results agree with the 

fact that SG synthesized material had the highest surface area, longest initial charge 

plateau, and worst 1st cycle irreversibility. The very large secondary particles distributed 

throughout the bulk of HCP material may have inhibited oxygen release, because of their 

comparatively low surface area. Its capacity was specifically low during the 4.5V charge 

plateau and below 3.6V during discharge.  

  Hong et. al. described the partially reversible formation and decomposition of 

Li2CO3 upon cycling Li-excess materials.76 We demonstrate evidence for its formation in 

Figure 10 as well. Its generation has been associated with capacity fading, as is the case 

in the Li-air system.101 Decomposition of Li2CO3 results in a series of reactions with the 

electrolyte to form CO2 and H2O among other species deleterious to Li-ion battery 

performance. Yabuuchi et. al. has shown that Li2CO3 is predominantly formed below 

3.0V during the discharge of Li-excess.70 We show in Figure 3.6, however, that capacity 

fading occurs prior to the 3.6V inflection during discharge. Since Ni is the predominant 
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redox species in this regime, we propose that changes in its environment are more likely 

responsible for capacity fading. This also agrees with the fact that SG had the highest 

surface area, which likely underwent the greatest degree of structural rearrangement, and 

exhibited the worst capacity fading among the three materials synthesized.  

 Since Figure 3.6 demonstrates that voltage fading primarily occurs below the 3.6V 

inflection during discharge, its origin may be more closely related to the redox process 

resulting from reaction 2, which did not involved Ni-redox. Koga et. al. have shown that 

O2- anion, without removal from the lattice, may participate in the reversible redox of Li-

excess materials.102-103 Rana et. al. have shown that this is the case for pure Li2MnO3 as 

well.104 While Li2MnO3 has been traditionally believed to be electrochemically inactive, 

several groups have recently demonstrated otherwise.105-106 Sufficiently small particle 

sizes result in reversible capacities of ~180 mAh g-1, after 30 cycles.107 The 

electrochemical mechanism and voltage profile of Li2MnO3, including the initial voltage 

plateau and inflection near 3.6V during discharge, highly resembles that of Li-excess. 

Higher electrochemical testing temperatures have been shown to extend its discharge 

capacity, with concomitant release of CO2.108 Ohzuku et. al. has shown that increasing 

the temperature of Li-excess materials during cycling also extends its discharge 

capacity;57 in particular, its capacity below 3.6V. Li[Li1/5Ni1/5Mn3/5]O2 was shown to 

achieve a discharge capacity of 350 mAh g-1 at 85oC, which is greater than its theoretical 

value (315.2 mAh g-1) considering the full reduction of all Ni4+ to Ni2+ and Mn4+ to Mn3+.  

 The XPS spectra shown in Figure 3.11 clearly demonstrate that Mn4+ is reduced at 

the surface of discharged Li-excess cathodes. Furthermore, the magnitude of its reduction 

is proportional to the degree of capacity that occurred below 3.6V during discharge. 
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Several groups have shown, however, that Mn reduction cannot fully account for the 

observed capacities and that an O2- redox reaction clearly occurs. Oxygen radicals have 

been shown to react with carbonate-based electrolytes, such as EC, to form semi-

reversible products such as Li2CO3.76, 101 The C1s spectra in Figure 3.9, demonstrate the 

formation of electrolyte decomposition products by the presence of carbonate and ether 

groups. Furthermore, the O1s spectra in Figure 10 imply that more of these products, 

namely Li2CO3, are formed when larger discharge capacities and voltage fading below 

3.6V are observed. Since the degree of electrolyte decomposition and Mn4+ reduction 

increase with larger voltage fade and capacities below 3.6V, it is likely that Mn4+ 

reduction is a result of reaction with electrolyte. In this way, Mn4+/3+ may not be a truly 

redox active process that contributes to reversible capacity. Instead, Mn4+ reduction may 

be a deleterious reaction arising from the distinct interaction of the particle surface with 

electrolyte. As we have shown, a lower average valence of Mn at the surface corresponds 

to greater voltage decay. It is possible that Mn3+ disproportionation to Mn2+ and Mn4+ 

into electrolyte contributes to that fading. 

  

3.4 Conclusions 

 Li-excess Li[Li2/12Ni3/12Mn7/12]O2 was prepared by three distinct synthetic 

approaches. Each method led to near identical bulk stoichiometry and crystallinity, as 

determined by ICP-MS and XRD. Their surface areas and particle morphologies were 

quite different, however, which in turn resulted in significantly different electrochemical 

characteristics. The relatively homogenous, micron-sized secondary particles of CCP 

material led to better Coulombic efficiency and enhanced discharge capacity below 3.6V. 
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The degree of Mn activity was shown to increase in order of HCP, SG, and CCP. XPS 

results specifically showed that Mn valence was reduced and a greater extent of Li2CO3 

was formed in that same order. This suggests that Mn4+ reduction as well as electrolyte 

reduction is specifically associated with the voltage component below 3.6V in 

Li[Li2/12Ni3/12Mn7/12]O2. Insight is provided into how the activity of Mn is affected by 

Li[Li2/12Ni3/12Mn7/12]O2 possessing various surface compositions and morphologies. We 

distinguish the processes that may contribute to capacity and voltage fading based upon 

surface analyses. We show that optimization of the Li-excess surface is a crucial 

parameter in improving the electrochemical performance of this class of material. 

Chapter 3, in full, is a reprint of the article, “Effect of Morphology and 

Manganese Valence on the Voltage Fade and Capacity Retention of 

Li[Li2/12Ni3/12Mn7/12]O2,” as it appears in ACS Applied Materials & Interfaces, Verde, M. 

G.; Liu, H.; Carroll, K. J.; Baggetto, L.; Veith, G. M.; Meng, Y. S., 2014, 6 (21), 18868-

18877. The dissertation author was the primary investigator and author of this paper.  
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Chapter 4 

Elucidating the Phase Transformation of Li4Ti5O12 Lithiation at the 

Nanoscale Using c-AFM 

This chapter describes a novel approach in the characterization of the lithium ion 

battery anode material, Li4Ti5O12 (LTO). Lithium titanate’s discharge (lithiation) and 

charge (delithiation) reactions are notoriously difficult to characterize due to the zero-

strain transition occurring between its end members, Li4Ti5O12 and Li7Ti5O12. 

Interestingly, however, the latter compound is electronically conductive, while the former 

is not. We take advantage of this critical property difference by using conductive atomic 

force microscopy (c-AFM) to monitor the phase transition between the two structures at 

various states of charge. To do so, we perform ex-situ characterization on 

electrochemically cycled LTO thin-films that are never exposed to air. Our results 

quantify the extent of reaction between Li4Ti5O12 and Li7Ti5O12, at the nanoscale, during 

the first cycle. In addition, we provide direct confirmation of the manner in which the 

reaction occurs, which proceeds via percolation channels. We complement scanning 

probe analyses with an x-ray photoelectron spectroscopy (XPS) study that identifies and 

explains changes in the LTO surface structure and composition, which are observed upon 

cycling.  
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4.1 Introduction 

Due to the demand for high energy density batteries for mobile electronics and 

electric vehicles, the quest for high capacity, low voltage anode materials – especially 

involving Si – has been heavily pursued in recent years.109 In this respect, Li4Ti5O12 

(LTO) is viewed as an inferior lithium ion battery anode. It exhibits relatively low 

capacity and high voltage compared to the most commercially available Li-ion anode, 

graphite (175 vs 372 mAh·g-1 and 1.55 V vs ~100 mV Li/Li+).110 Nevertheless, the same 

properties resulting in undesirably low energy densities are attractive as well. The high 

redox potential of LTO lies safely within the electrolyte stability window.87 This enables 

cycling without the formation of complex passivation layers, which are a problem for the 

long-term stability of conventional graphite anode and the popular alternatives such as 

silicon.111 The two-phase reaction, which leads to moderate capacity, is also highly facile. 

It proceeds between two members (Li4Ti5O12 and Li7Ti5O12) that possess the same space 

group, Fd3m. Even upon intercalation of 3 Li+ per formula unit, there is only a 0.2% 

volume change, resulting in its description as a zero-strain material.112 The stability, 

robustness, and safety of LTO have in fact led to its successful commercialization.  

A shortcoming of LTO is its inherently low ionic diffusion and electronic 

conductivity.113-114 Li4Ti5O12 is considered to be an insulator, with experimentally 

reported band gaps typically between 3.0 and 4.0 eV.115-116 In order to circumvent this 

problem, several strategies have been implemented. Coatings, such as carbon, have been 

applied to improve conductivity.117 LTO nanostructures have been synthesized to reduce 

Li+ diffusion lengths.118 Doping with a host of cations has been performed to decrease its 
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band gap.119  By applying these treatments, incredible reversible rates of up to 100C (full 

charge or discharge in almost 30 seconds) have been reported.120-121 Song et al. showed 

that interestingly enough, however, pristine LTO could be cycled fairly well without any 

form of modification.122 Kim et al. used an array of electrochemical and spectroscopic 

techniques to propose a mechanism responsible for this.123 Their hypotheses ultimately 

rest on the fact that LTO’s lithiated phase, Li7Ti5O12, is highly conductive. If a small 

network of this phase can form upon initial discharge, it may enable an electronic 

pathway for further lithiation. Indeed, only a small amount of lithiation is required, as 

Young et al. have shown that at less than 5% capacity, LTO’s bulk conductivity 

dramatically increases from about 10-7 to 10-1 S·cm-1.124 

Understanding exactly how the phase transformation between Li4Ti5O12 and 

Li7Ti5O12 proceeds and what factors promote it, however, is still relatively ill-defined. 

Because the lattice parameters of both structures are near identical, few diffraction 

techniques are able to physically differentiate them.125-126 Though rapid changes in bulk 

conductivity and light absorption have been observed upon minor lithiation, the exact 

mechanism that enables this is still not clear.  This study aims to exploit the most 

significant property difference between the two species – their difference in electronic 

conductivity – in order to more fully explain the metal-insulator transition occurring 

within the system. Conductive atomic force microscopy (c-AFM) affords the possibility 

to directly visualize the discrete presence of each species, for the first time, at the 

nanoscale. We provide comprehensive current and topography maps of LTO, at various 

states of charge, to demonstrate where the transition between these two phases occurs, 

and what features promote it. We also perform x-ray photoelectron spectroscopy (XPS), 
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at the same states of charge, to more fully describe changes in surface morphology and 

composition. The unique application of the SPM methods presented here is valuable for 

the future optimization of this material, and others like it.   

 

4.2 Materials and methods 

4.2.1 Computation 

First principles calculations were carried out to determine the band gaps of LTO 

and its lithiated phase. Those calculations were based on the spin-polarized generalized 

Gradient Approximation (GGA)127 using the Perdew-Burke-Ernzerhof (PBE) exchange-

correlation, implemented with Density Functional Theory (DFT).128 We used a plane-

wave basis set and the Projector Augmented Wave (PAW) method to replace the 

interaction potentials of the core electrons, as parameterized in the Vienna Ab-initio 

Simulation Packages (VASP).129-130 In all calculations, Li (2s1), Ti (3p6 3d3 4s1), and O 

(2s2 2p4) were treated as the valence electron configurations. A gamma point mesh with 9 

x 9 x 3 k-points was specified in the Brillouin zone and periodic boundary conditions 

were utilized on the model systems.  All the atoms were fully relaxed to simulate the 

optimized structure of each lattice model, with a cutoff energy of 368 eV on a plane wave 

basis set. The calculated lattice constant for Li4Ti5O12 was found to be 8.43 Å in this 

work; this value shows only a small discrepancy from the experimentally measured value 

of 8.35 Å (Table S1), with an error of 0.96%.  
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4.2.2 Synthesis 

Li4Ti5O12 powder was synthesized by ball milling the stoichiometric amounts of 

Li2CO3 (Mallinckrodt – 99.5+%) and TiO2 (Aldrich – Anatase 99.9+%, which was 

pressed into a 2’’ diameter disk and then fired in air at 950 °C for 10 hr. To ensure O2 

recovery upon cooling, the disk was cooled slowly at 0.5 °C·min-1 to 700 °C, which was 

held at 700 °C for 20 hr, and finally cooled down at 10 °C·min-1 to room temperature. 

The dense pellet was subsequently bound to a Cu plate and used as a target for magnetron 

sputtering. LTO films were grown by means of r.f. magnetron sputtering in an Ar 

atmosphere (Air Liquide – Research Grade), at an applied RF power of 80 W, at a 

pressure of 5 mtorr, where deposition was performed once the base pressure in the 

chamber reached 10-6 torr. The films were grown on 1 cm Al2O3 disks (Valley Design) 

coated with 0.25 µm of Pt (Refining Systems, Las Vegas Nevada, USA – 99.99%) on 

both sides, which acted as the negative electrode current collector. Sputtering of the Pt 

was performed in direct current mode using 25 W and 15 mtorr Ar pressure. The as-

deposited LTO films, with a typical thickness of 800 nm, were annealed in air at 700 °C 

for 1hr to develop the spinel structure 

4.2.3 Electrochemical cells  

LTO thin-films were assembled into standard Swagelok cells, in an Ar-filled 

glove box. Li foil (0.75 mm Alfa Aesar – 99.99%) was used as anode, two-sheets of 

Celgard 2500 served as separator, and the electrolyte was composed of 1.2 M LiPF6 in 

ethylene carbonate/ethyl methyl carbonate. A Maccor Battery Tester was used to 

galvanostatically cycle cells at a current of 4 µA·cm-2, between 1.0 and 2.0 V. Cells used 
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for further analysis were stopped at various points during the first cycle and described by 

the following: 1) LTO prior to cycling (pristine); 2) LTO discharged to 50% of the initial 

discharge capacity (50% dis); 3) LTO discharged to 1.5 V into the initial discharge (1.5V 

dis); 4) LTO discharged to 1.0 V into the initial discharge (1.0V dis); 5) LTO charged to 

50% of the initial charge capacity, following discharge to 1.0V (50% chg); 6) LTO 

charged to 2.0 V into the initial charge, following discharge to 1.0V (chg 2.0V). The 

pristine sample used before cycling was assembled into a Swagelok cell and allowed to 

equilibrate for 24 hrs before disassembly. All other cells were disassembled immediately 

following their electrochemical exit condition. Following disassembly in a glove box, 

LTO thin-films were briefly washed in dimethyl carbonate (Aldirch – 99% Anhydrous) to 

remove residual electrolyte. They were left to dry within the glove box before 

transporting within a sealed, Ar-filled container.  

 

4.2.4 GIXRD and SEM  

The focused ion beam (FIB) cross section of LTO was fabricated with an FEI 

Scios, using a 1.0 nA beam current, at 30 kV. The scanning electron microscopy (SEM) 

image was collected using a 0.1 nA current, at 5 kV. The grazing incidence x-ray 

diffraction (GIXRD) pattern was collected using a Rigaku SmartLab x-ray 

diffractometer, utilizing the Parallel Beam/Parallel Slit Analyzer mode. The incident 

angel was 0.5° and the incident slit was 0.5 mm. The data was collected from 15-80° 2θ, 

with a 0.05° step at 1°·min-1. 
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4.2.5 AFM  

Atomic force microscopy was performed using an Asylum Research Cypher S, 

housed within an Ar-filled glove box. Pt-coated tips (Nanosensors) with a radius of 

curvature of 20-50 nm at the apex were used for conductivity (c-AFM) measurements. 

LTO thin-films were transported in sealed Ar-filled transfer chambers between glove 

boxes and were never exposed to air. Inside the glove box the thin-films were mounted 

onto two-sided Cu-clad circuit board using silver paste. The paste was applied to both the 

bottom of the thin-film, as well as a portion of the side and top, which ensured electrical 

contact throughout the entire film. These mounted thin-films are shown in Figure 4.4. 

This figure also demonstrates the port connecting the circuit board and thin-film to the 

AFM tip. A fixed voltage of 0.4 V was applied between the tip and sample during scans. 

The current was measured using a 106 V·A-1 amplifier gain. Before plotting, height 

images were flattened using WSxM software (5.0 Develop 4.3).131  

4.2.6 XPS  

A PHI 3056 spectrometer possessing a hemispherical detector 54.7° off normal 

and a dual Mg and Al anode source, operating at 15 kV and 350 W, was used for all x-ray 

photoelectron spectroscopy (XPS) analyses. LTO thin-films were transferred from an Ar-

filled glove box to custom airtight chambers for direct transfer to the spectrometer, 

without exposure to air. The XPS chamber was maintained at <10-8 Torr during 

measurement. High-resolution scans made use of the Al source, using a pass energy of 

23.5 eV and a step size of either 0.05 or 0.075 eV. Each scan was preceded by a high-

resolution C 1s scan, to account for charge build up. XPS processing was perfomed using 
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CasaXPS software. The main C 1s peak was calibrated to carbon black, 284.6 eV, as was 

the following high-resolution scan. Peaks were deconvoluted using Gaussian-Lorentzian 

line shapes and Shirley background subtractions.  

 

 
 

Figure 4.1 LTO thin-films used for SPM analyses. (A) Electrical connections made for c-
AFM measurement. (B) LTO thin-films mounted onto Cu-clad circuit board; from left to 
right depicts the following: pristine without exposure to electrolyte, pristine assembled 

into a Swagelok cell and soaked 24 hrs, discharged 50%, discharged to 1.5 V, discharged 
to 1.0 V, charged to 50%, charged to 2.0 V. 
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4.3 Results and discussion   

4.3.1 LTO structure 

As described previously, the crystal structures of Li4Ti5O12 and its lithiated form, 

Li7Ti5O12, are highly similar – both being defined by space group Fd3m. Figure 4.2a 

depicts the optimized lattice models of each. Li4Ti5O12 consists of tetrahedral 8a and 

octahedral 16d sites, coordinated by oxygen in 32e sites. Ti exists solely in 16d sites. 

While Li occupies all 8a sites, it also shares ⅕ of the 16d sites with Ti. To highlight this 

and its spinel structure, the chemical formula is often alternatively represented as 

Li[Li1/3Ti5/3]O4. Upon lithiation, the 16d sites are unchanged. The remaining Li in 

Li7Ti5O12, however, adopt an octahedral geometry in newly formed 16c sites.  

The valence of Ti in Li4Ti5O12 exists solely in the 4+ state. This results in an 

empty t2g band (no d-orbital electrons), which forms the material’s LUMO. The HOMO 

derives from the filled 2p orbitals of oxygen. The DFT band structure calculation shown 

in Figure 4.2b reveals that the band gap between these two is 2.3 eV. Though lower than 

experimentally reported values, it is consistent with the computational results found in 

literature, which supports that the material is an insulator.132-133 Upon lithiation, 3 Ti4+ per 

formula unit are reduced to Ti3+, as represented in the following two-phase reaction 

equation:  

𝐿𝑖!𝑇𝑖!!!𝑂!"   +   3𝐿𝑖!   + 3𝑒!   
        !!!"#$      

  
!"#$!!"#$

         𝐿𝑖![𝑇𝑖!!!𝑇𝑖!!!]𝑂!" 

The equation implies that two more Li+ can be theoretically inserted, fully reducing Ti4+ 

to Ti3+, while maintaining charge balance. This is discussed further, in following sections. 
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The additional electrons acquired upon discharge inserts 1e- per previously unoccupied 

t2g, which essentially removes the band gap. Figure 4.2b demonstrates that the electronic 

DOS of Li7Ti5O12 is continuous across the Fermi level. Because the reaction has no 

intermediates and proceeds directly between an insulating (Li4Ti5O12) and conducting 

phase (Li7Ti5O12), we can clearly observe where that reaction occurs across the electrode, 

using c-AFM. This concept is illustrated in Figure 4.2c.  

 

 
Figure 4.2 Structure and electronic properties of LTO. (A) Structurally optimized 

Li4Ti5O12 and Li7Ti5O12 lattices. (B) Density of states (DOS) of Li4Ti5O12 and Li7Ti5O12, 
where the Fermi energy is normalized to O eV. (C) Illustration of c-AFM capability to 

detect the presence of each phase due to their unique conductivities. 
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4.3.2 Thin-film characteristics  

The common use of conductive additives in LTO composite electrodes heavily 

influences the manner in which its electrochemical reaction occurs. This is evidenced by 

the great deal of research dedicated to creating LTO-carbon composites.134-136 In order to 

determine how LTO’s fundamental mechanism proceeds, therefore, we made use of thin-

films that possessed only the pristine material. The thin-films prepared by RF magnetron 

sputtering are shown in Figure 4.3c. A thickness of about 800 nm was measured. LTO 

was grown on Al2O3 disks, which were coated on all sides by a thin layer, roughly 225 

nm, of Pt. This layer ensured good electrical contact for use in batteries as well as for c-

AFM analysis. Figure 2d illustrates the particle size distribution of deposited LTO, which 

was 20 – 100 nm on average. The film was highly crystalline, as demonstrated by the 

GIXRD in Figure 4.2a. Some LTO peaks are quite large, such as the (400) and (511) 

indices, due to overlapping contributions from Al2O3 substrate. A three-phase fit, 

incorporating all layers, was performed in order to confirm their structures and lattice 

parameters. LTO, Pt, and Al2O3 were fit to space groups Fd3m, Fm3m, and R3c, 

respectively. The low residual, resulting in a conventional Rietveld factor (Rwp) of 7.18, 

confirms the purity of the film. The LTO lattice parameter was determined to be 8.352, 

which is in good agreement with the values reported in literature.137 A full list of 

refinement results is provided in Table 4.1. 

 Figure 4.2b highlights the material’s first electrochemical cycle and demonstrate 

good reversibility over the first 10 cycles. The voltage response is the result of applying a 

constant current of -4 µA·cm-2 to 1.0 V upon discharge and 4 µA·cm-2 to 2.0 V upon 

charge. Given that the average capacity upon cycling was around 30 µAh·cm-2, the 
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current corresponds to a rate of roughly C/7.5. The flat redox potential at 1.55 V vs Li/Li+ 

is indicative of the two-phase reaction between Li4Ti5O12 and Li7Ti5O12. Though no 

significant redox feature exists outside the plateau, a nontrivial amount of capacity is 

shown to exist outside the voltage window of 1.4 and 1.6 V, corresponding to 9.7 µAh or 

roughly 20% of the initial discharge. This behavior is typical when cycling LTO thin-

films and is likely due the relatively high fraction of LTO in contact with electrolyte.138 

This concept is expanded upon in following sections of this paper. The relatively large 

capacity outside of the plateau is not reversible, as highlighted in Figure 4.3. The capacity 

retention of the first cycle is only 58.9%, but immediately improves upon subsequent 

cycles, gradually increasing to 93.5% by the 10th cycle. The amount of capacity outside 

of the 1.4 – 1.6 V window also drastically decreases after the first cycle, to 4.3 µAh 

during the 2nd discharge. In order to explore the unique changes occurring in this system 

during the first cycle, we analyze the thin-films at the points indicated along the voltage 

profile in Figure 4.2b. The samples characterized specifically correspond to the 

following: 1) pristine LTO, assembled into a battery, but not cycled; 2) LTO discharged 

to 50% of the initial discharge capacity; 3) LTO immediately following the voltage 

plateau, discharged to 1.5 V; 4) LTO fully discharged to 1.0 V; 5) LTO charged to 50% 

of the 1st charge capacity; 6) LTO fully charged to 2.0 V. The exact thin-films used are 

represented in Figure 4.4.   
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Figure 4.3 LTO thin-film physical and electrochemical characteristics. (A) XRD and 
Rietveld refinement of LTO thin film. (B) Electrochemical profile of 1st cycle, squares 

indicating points where samples were characterized, and first 10 cycles – inset. (C) SEM 
cross-section of LTO thin-films and (D) top SEM image of the same thin-film. 
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Figure 4.4 Electrochemical retention of LTO thin-film. Charge (solid red squares) and 
discharge (open red squares) capacities of the first 10 cycles of LTO thin-films; the right 

axis (blue circles) corresponds to the resulting current efficiency.  
 
 
 
 
 

 
 

 

Table 4.1 Rietveld refinement parameters of the pristine LTO thin-film.  
 

Phase a,b (Å) c (Å) c (Å) Fraction (%) Rwp RB 

LTO 8.352(1) 8.352(1) 8.350(2) 36.51 7.18 3.754 
Pt 3.922(3) 3.922(3) 8.353(3) 0.12 7.18 5.264 

Al2O3 4.761(6) 13.007(0) 8.354(0) 63.38 7.18 5.851 
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4.3.3 Atomic force microscopy  

AFM topography images of the pristine sample soaked in electrolyte correlate 

well to the SEM images of LTO that were not. This indicates that mere exposure to 

electrolyte has little or no effect on the material’s morphology and suggests no major 

reactions occur at open-circuit. 2D height images and line profiles of each sample are 

presented in Figure 4.5. The average maximum height of features across multiple images 

of the pristine sample was 72.8 nm and it possessed a root-mean-square (RMS) surface 

roughness of 11.1 nm. Upon discharging to 50% capacity, these values did not change 

appreciably, with an average maximum of 76.5 nm and surface roughness of 11.2 nm. A 

summary of surface dimensions for all samples is provided in Table 4.2. While the 

morphology did not change upon initial discharge, the measured current did. Figure 4.6 

depicts the current response of all samples when a potential of 0.4 V was applied. While 

no current is observed in the pristine material, current is measured within an array of 

individual grains after discharging to 50%. After discharging just past the entire plateau, 

to 1.5 V, the magnitude and distribution of current increased by two-fold. The total 

current measured in each sample is more quantitatively represented by histograms, fit to 

normal distributions, shown in Figure 4.7. Figure 4.6c demonstrates that immediately 

following the two-phase reaction, nearly all grains in the LTO film are conductive. This 

suggests that the formation of the conductive phase, Li7Ti5O12, has reached completion.  

 Interestingly, when discharging beyond 1.5 V to the typical LTO cutoff voltage of 

1.0 V, the surface morphology is shown to dramatically change. The size of the average 

particles increase, and the overall conductivity decreases. Figure 4.6d demonstrates that 

all grains exhibit lower conductivity overall, but very large grains show none. The 



	
   	
  

	
   	
   	
  

87 

average current measured in samples discharged to 1.5 and 1.0 V is 0.58 and 0.32 µA, 

respectively. The average RMS surface roughness of samples discharged to 1.0 V 

increased significantly to 16.4 nm. This change in surface morphology is not completely 

irreversible, however, as subsequently charging to 50% capacity shows reduced grain 

sizes, with an intermediate RMS surface roughness of 13.5 nm. Furthermore, the RMS 

surface roughness of LTO charged completely to 2.0 V nearly reaches its original value, 

at 12.1 nm. The conductivity map of LTO charged 50% is also fairly similar to when it 

was discharged 50%. The average current measured in the former is 0.12 µA and the 

latter, 0.14 µA. As suggested by the poor first cycle capacity retention, however, some 

partial irreversibility is clearly present. While the average current of samples discharged 

and charged to 50% were fairly similar, their RMS surface roughnesses were not.  

The difference in surface morphology, and the structural evidence of 

irreversibility, is more clearly depicted in the deflection images shown in Figure 4.8. 

After discharging to 1.0 V, and subsequently charging to 50% capacity, the morphology 

of grains are less defined. The deflection image in Figure 4.8e reveals a number of more 

flattened or fused grains, almost as if a film covers them. The corresponding current 

image in Figure 4.8e shows only partial current in those regions. The deflection image in 

4.8f shows that after full charge to 2.0 V, the surface morphology of LTO contains a 

large proportion of well-defined flattened regions. While the current in this sample is 

extremely low, some exists. Figure 4.7 shows that this current is above the threshold of 

noise, compared to the pristine signal in Figure 4.7a. In addition, the current map in 

Figure 4.8f shows that the large flattened morphologies are where the small current 

remains. The fact that some current exists in the fully charged state suggests that a semi-
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permanent conductive percolation network may form upon the initial charge, thus 

reducing the activation potential for subsequent cycles. Indeed the electrochemical 

efficiency is shown to improve upon cycling; an embedded conductive matrix that 

increases over time may be partially responsible for this.  

Kim et al. hypothesized that within LTO possessing no conductive additive, 

Li7Ti5O12 phase first forms in the vicinity of immediate contact with the current 

collector.123 Upon further discharge, this phase was thought to evenly propagate upward, 

through all particles, towards the interface with electrolyte. Our data (Figure 4.8) shows, 

however, that this is not the case. In the sample discharged 50% (Figure 4.8b) we strictly 

measure current within discrete grains, not evenly across the surface. This suggests that 

the transition of Li4Ti5O12 to Li7Ti5O12 proceeds via a limited number of narrow 

percolation channels that connect current collector and electrolyte. Figure 4.9 visually 

depicts the difference. In fact, there are a number of regions with near-identical grains 

adjacent to one another, which exhibit current in one and not the other. Furthermore, the 

particles themselves are very well defined in the current images of Figure 4.8. This is due 

to the fact that lower current is measured within grain boundaries, suggesting the phase 

transition does not propagate laterally across grains. This may be due to lower LTO 

crystallinity connecting these grain interfaces.  
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Figure 4.5 Height images and cross-section profiles of  LTO thin-films. (A) pristine 
LTO, (B) discharged 50%, (C) discharged to 1.5V, (D) discharged to 1.0V, (E) charged 

50%, and (F) charged to 2.0V. 
 

 

 
Figure 4.6 3D topographical AFM images of LTO thin-films cycled to various states of 
charge. They correspond to (A) pristine LTO, (B) LTO discharged to 50% capacity, (C) 

LTO discharged to 1.5V, (D) LTO discharged to 1.0V, (E) LTO charged to 50% 
capacity, and (F) LTO charged to 2.0V.  The color scheme represents the current 

detected. 
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Figure 4.7 The total current, fit to a normal distribution (red line), of LTO thin-films. 
They correspond to (A) pristine LTO, (B) discharged 50%, (C) discharged to 1.5V, (D) 

discharged to 1.0V, (E) charged 50%, and (F) charged to 2.0V. 
 
 

 

 
 

Figure 4.8 AFM deflection (left) and current (right) images of LTO thin-films. They 
correspond to (A) pristine LTO, (B) discharged 50%, (C) discharged to 1.5V, (D) 

discharged to 1.0V, (E) charged 50%, and (F) charged to 2.0V. 
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Figure 4.9 Illustration differentiating how the transition between Li4Ti5O12 (black) and 
Li7Ti5O12 (yellow) may propagate through an electrode.  Our results confirm only the 

transition via a percolation network (right). 
 

 

 

 

Table 4.2 Average LTO thin-film parameters at the states of charge indicated. Parameters 
include average root-mean-square surface roughness (<RMS>), average maximum height 
(<Max Height>), and average current resulting from the applied bias of 0.4V 
(<Current>).  

LTO <RMS>  
(nm) 

<Max Height> 
(nm) 

<Current> 
(µA) 

Pristine 11.1 72.8 1.1e-2 
Dis 50% 11.2 76.5 0.12 
Dis 1.5V 10.8 66.1 0.58 
Dis 1.0V 16.4 106.2 0.32 
Chg 50% 13.4 78.7 0.14 
Chg 2.0V 12.1 77.0 1.2e-2 
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4.3.4 Surface characterization  

To provide a more robust explanation for the apparent grain size expansion upon 

discharge to 1.0 V, and flattening upon subsequent charge, we performed XPS analysis 

on thin-films cycled to the same points. Figure 4.10 shows high-resolution scans of the 

C1s, O1s, and Ti2p regions. The single peak centered at 458.0 eV corresponds well to the 

2p3/2 peak of Ti4+ in LTO, as well as in TiO2.139-140 Upon discharge, a second peak at 

455.9 eV forms, which corresponds to the Ti3+ found in Ti2O3.141 This peak reaches a 

maximum relative to the Ti4+ peak, in the LTO sample discharged to 1.0 V. The lower 

binding energy peak correlates to the formation of Ti3+ due to reduction of Ti4+ upon 

lithiation. LTO is fully discharged at 1.0 V, which is why the peak at 455.9 eV is largest 

in that sample. The relative intensity of the Ti3+ peak decreases upon charge and 

completely disappears at 2.0 V, indicating that the reaction is fully reversible. The peak 

in the O1s spectra at 529.7 eV corresponds to O2- in the LTO lattice.142 Upon discharge, a 

peak at 531.5 eV grows relative to it, and reaches maximum at 1.0 V. This higher binding 

energy peak results from the contributions of several species, including CO3
2-, -CO2- and 

LixPOxFz, all of which originate from the decomposition of electrolyte. The formation of 

decomposition products, Li2CO3 and/or LiCO3R, are also shown to significantly occur in 

the sample discharged to 1.0 V, as suggested by the shift in the C1s satellite peak near 

289.5 eV.143  

The fact that we observe these species is significant because LTO is excessively 

championed to form no passivation or solid electrolyte interface (SEI) layers, due to its 

high redox potential. This is clearly not the case, however. LTO is known to have major 

gassing issues, which result from its interaction with alkyl carbonated-based solvents.144 
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He et al have also reported that LTO with very high surface areas can exhibit SEI.145 The 

nature of working with thin-films is such that a disproportionately large percent of the 

active mass is in direct contact with electrolyte. Any reaction with electrolyte will be 

amplified, therefore, as the thin-film/electrolyte interface is quite large. The formation of 

these electrolyte decomposition products may be responsible for the material’s extended 

1st cycle discharge capacity. A passivation layer may form upon initial discharge to create 

a relatively stable SEI; since subsequent cycles show markedly improved capacity 

retention, the reduction of electrolyte does not appear to occur continuously.  

The poor first cycle retention suggests that the decrease in the higher binding 

energy O1s side peak upon charge, does not proceed via the oxidation of these species. 

Instead, they may be chemically consumed in further side reactions. Figure 4.11 shows 

that the peaks in the P2p and F1s spectra – corresponding to LixPOyFz at 133.7 eV and 

LiF at 685.1 eV – both increase significantly upon charge. Figure 4.11 also depicts the 

elemental compositions derived from the XPS survey scans. This plot shows that the 

degree of F and P increase significantly upon charge, from 6.3 to 10.7% (F) and 0.8 to 

1.9% (P) in samples charged to 50% and 2.0V, respectively. The full percent abundance 

of all species derived from component fitting of the high-resolution scans, is provided in 

Table 4.3. These results complement the morphological changes observed using AFM.  

When discharged to 1.0 V, an SEI is shown to form, which likely contributes to 

the increased grain sizes observed. Kitta et al also observed changes in LTO morphology 

upon cycling, which they attributed to surface restructuring into Li2TiO3 due to reaction 

with electrolyte.146 It is possible that reduction of electrolyte with the relatively high 

surface area LTO leads to volume expansion, due to the formation of an overlithated 
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phase such as this. Table 4.3 shows that a higher concentration of Li exists at the surface 

of LTO discharged to 1.0 V compared to 1.5 V, suggesting the phase may form at low 

voltage. Where the extent of this reaction occurs most, leads to either delamination of the 

grain from current collector or the formation of a nonconductive species, as larger 

particles clearly show no conductivity. Though the particles decrease in size upon charge, 

they also merge to an extent or become flatter. This may be due to the continued 

formation of decomposition products, from carbonate-based species, to fluorinated ones. 

The increasing appearance of merged LTO grains upon charge may result from the fact 

that the surface has been coated with a significant amount of LiF – from 2.7% when 

discharged to 1.5 V, to 10.7% at full 2.0 V charge.  Our observation of these changes in 

surface composition should contribute to the bigger picture of how gassing may occur in 

this system.  

 

 

 

Table 4.3 Atomic surface concentrations for C, O, F and P in the various surface groups. 
For the pristine material, the O=C- signal overlaps with the response expected for –OH 
surface groups. 
 

 
Sample 

C-R  
(284.8 

eV) 

C-O  
(286 
eV) 

LiCO2R 
 (288 
eV) 

CO3
2-  

(289.5 
eV) 

O2- -CO2-, 
CO3

2-

LixPOyFz 

O-C LiF LixPOyFz P Li 

Pristine 18.4 3.5 2.1 N/A 41.7 4.4 2.6 N/A N/A N/A 12.9 
Dis 50% 27.4 3.6 1.1 3.5 17.9 17.8 2.5 2.4 1.4 0.6 15.7 
Dis 1.5V 22.7 2.5 0.6 4.1 19.5 19.7 3.5 3.5 0.4 0.8 15.9 
Dis 1.0V 28.0 1.7 0.7 4.5 15.3 19.8 3.0 2.7 0.5 0.8 17.9 
Chg 50% 19.3 3.3 1.1 3.6 16.7 19.3 3.5 6.3 1.0 0.8 19.0 
Chg 2.0V 21.8 2.2 1.6 1.6 19.9 13.1 3.6 10.7 1.5 1.9 14.5 
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Figure 4.10 Normalized high-resolution C1s (A), O1s (B), and Ti2p (C) XPS spectra of 
the LTO thin-films discharged and then charged. From bottom to top they correspond to 
pristine (green), discharged 50% (light blue), discharged to 1.5V (blue), discharged to 

1.0V (dark blue), charged 50% (red), and charged to 2.0V (dark red). 
 

 

 
 

Figure 4.11 Non-normalized high-resolution (A) P2p and (B) F1s XPS spectra of LTO 
thin-films discharged and then charged. From bottom to top, they correspond to samples 
discharged 50% (light blue), discharged to 1.5V (blue), discharged to 1.0V (dark blue), 
charged 50% (red), and charged to 2.0V (dark red). (C) Elemental surface compositions 

of LTO obtained from XPS survey scans. 
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4.4 Conclusions 

This work applies c-AFM, in a novel manner to directly visualize at the 

nanoscale, for the first time, the phase transformation between Li4Ti5O12 and Li7Ti5O12. 

The structure and band-gap of each material was confirmed using DFT calculations. 

Li4Ti5O12 is an insulator, while Li7Ti5O12 is a conductor. By cycling LTO to various 

states of charge and measuring the local current in response to a fixed bias, we were able 

to determine exactly where each phase existed at those states of charge. For ease of 

analysis with AFM and to avoid contribution of conductive additives, which are common 

and have a significant influence on the mechanism, we used thin-film LTO in our 

analysis. These 800 nm thick films were determined to be phase pure by grazing 

incidence XRD Rietveld analysis; the electrochemistry also suggested as much. As 

opposed to prevailing theories, we determined that the transition of Li4Ti5O12 to 

Li7Ti5O12 proceeds via percolation channels within single grains. The reaction does not 

appear to propagate laterally, across grain boundaries. It also does not form evenly 

throughout the electrode. Upon discharge beyond the 1.55 V redox plateau, to 1.0 V, 

significant changes in surface morphology and conductivity occurred. We demonstrated 

that this was related to the interaction of LTO and electrolyte from 1.5 to 1.0 V. 

Continued reaction with electrolyte was determined to occur upon charge, which may 

provide insight into the mechanisms of the well known, but poorly understood, and 

highly deleterious, gassing mechanism of LTO. The use of c-AFM described here may be 

used towards the future optimization of morphologies that preferentially enable desired 

metal-insulator transition, such as the case with LTO, as the process can be clearly 

identified using this method.  
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Chapter 4, in full, is a reprint of the article, “Elucidating the Phase Transformation 

of Li4Ti5O12 Anode at the Nanoscale Using c-AFM,” which is in preparation for 

submission. The dissertation author was the primary investigator and author of this paper.  
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Chapter 5   

Summary 

 

5.1 Concluding Remarks 

 A wide variety of battery technologies continue to permeate the market. The 

reason for this is that no one battery possesses the complete set of characteristics needed 

to suit every energy storage application. Among the desired characteristics, such as low 

cost, long cycle life, high power and energy density, and reasonable safety, we are 

typically forced to choose two. The soluble lead flow battery is extremely inexpensive 

and can exhibit long cycle life. Its depth of discharge, and therefore energy density, 

however, is low. Its power density is also low compared to other flow batteries, such as 

vanadium redox. The Li-ion battery, on the other hand, can exhibit quite high energy and 

power densities. Their cost is high, however, and safety is an issue, as popular media 

continues to document cases of their combustion due to shorting or thermal runaway. 

Li4Ti5O12 presents a much more safe and stable alternative to conventional anodes such 

as graphite, but it comes at the cost of much coveted energy density. Li-excess cathode 

materials offer the opposite benefits – high energy density, but poor rate capability and 

retention. Because no one battery can answer all our needs, we instead aim to match them 

with applications that do not as heavily require their corresponding deficiency. Energy 

density is not critical for grid storage applications, for example, hence providing a good 

market for flow batteries.  
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This thesis provides an in-depth analysis of the diverse phenomena resulting in several of 

these systems. It also provides a cautionary tale to not approach battery research with 

overgeneralized assumptions regarding their electrochemistry. For example, 

nanostructured electrodes are often thought to possess advantageous electrochemical 

properties. Nanoengineered particle morphologies may indeed promote faster reaction 

kinetics due to decreased diffusion distances and higher surface energies. In the case of 

the soluble lead flow battery, for example, the formation of nanoscale PbO2 morphologies 

greatly enhances its dissolution upon discharge – improving its reversibility and long-

term cycle life. In the case of Li-excess cathode material, however, nanoscale 

morphologies also promote deleterious side reactions with electrolyte that degrade cycle 

life. The formation and stability of SEI layers within Li-ion batteries are still relatively 

poorly understood. The work presented here shows that even LTO – an anode believed to 

form no SEI – undergoes significant reaction with electrolyte upon cycling when a very 

high surface area to bulk ratio exists. Though nanostructured LTO may promote the 

phase transformation of Li4Ti5O12 to Li7Ti5O12 due to relatively large high-energy phase 

boundaries within very small particles, specific nanoscale morphologies may need to be 

tailored to mitigate its reaction with electrolyte. Only by providing more comprehensive 

analyses of nanoscale phenomena, as they pertain to each unique system of study, can we 

hope to take advantage of their properties.   
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5.2 Future Perspectives  

 The work described in this dissertation presents several unanswered questions, 

which provide direction for further research. Each of the three electrode materials, 

described in Chapters 2-4, possess some shortcoming that prevents their successful wide-

scale commercialization. In the case of the soluble lead flow battery, we engineered an 

approach to improve cycle life and efficiency by increasing flow rates and the battery’s 

charge potential. The voltage efficiency suffers by doing so, however, as does the system 

efficiency. The energy required to operate pumps for flow, for example, were not taken 

into consideration when reporting round-trip energy efficiency. The faster electrolyte is 

flowed, however, the more electricity the pumps require – resulting in lower energy 

efficiencies. The low voltage charge potential was the root of the problem. Instead of 

increasing the overpotential by using either constant voltage charge techniques or high 

current densities, there may be a way to chemically mitigate the reactions that results in 

low voltage charging. Additives, for example, may affect the kinetics of PbO2 deposition 

and dissolution. In order to select the proper additive to use, we first need to further 

understand how the Pb2+/PbO2 reaction proceeds. Positive electrode (lead oxide) deposits 

at various states of charge may be characterized using XAFS and XPS in order to 

determine whether intermediate oxides species form. Initial evidence suggests this is the 

case. By elucidating what deleterious side-reactions occur at the positive electrode, we 

may be able to propose methods of eliminating them.  

 In Chapter 3, the effect of particle morphology and surface area on Li-excess 

capacity retention and surface chemistry was described. It was shown that very small 

particle sizes and high surface areas lead to accelerated capacity fading. Voltage decay is 
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also a major issue associated with the material. We correlated this voltage drop to the 

second of two reactions occurring during discharge, which involves Mn and/or O 

reduction. The surface of Li-excess certainly exhibits a greater extent of Mn3+ in 

materials that have larger drops in voltage. It is not clear, however, whether Mn3+ 

originates from electrochemical redox within the electrode or from chemical reaction 

with the electrolyte. Determining what the case may be is important to more thoroughly 

identify what reactions contribute to the poor retention issues of Li-excess. Varying the 

composition of electrolyte and characterizing the surface of Li-excess using XPS, may be 

able to suggest how much of the reaction originates from interaction with electrolyte. 

Understanding the complex surface reactions occurring in this material is essential to 

improving its long-term stability.  

 Chapter 4 described how the phase propagation between Li4Ti5O12 and Li7Ti5O12 

occurred during LTO’s first cycle. The formation of an electronically conductive 

Li7Ti5O12 percolation network was shown to provide an electronic pathway for non-

conductive Li4Ti5O12 to discharge, without the use of commonly employed conductive 

additives.  A method that other researchers have employed to improve the initial 

conductivity of Li4Ti5O12 is through the use of dopants. Computational results have 

suggested that introducing small amounts of transition metal ions (< 5%) can reduce 

LTO’s band gap. It would be worthwhile to know whether modifying LTO in this manner 

changes the way the conductive Li7Ti5O12 phase is formed. Determining whether this is 

the case may provide insight into how a combination of particle morphologies and 

dopants may be used to completely remove conductive additive and binders from larger 

scale commercial electrodes.   
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